Evolution of dislocation and twin densities in a Mg alloy at quasi-static and high strain rates
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Abstract
The present work, for the first time, quantitatively studies the evolution of both dislocations and deformation twins with various strain rates in a MM31 Mg alloy. Interrupted tensile tests were performed at the strain rates of 0.001, 1 and 600 s-1. Deformation twins were characterized by microscopy techniques and evaluated using the fractions of twin boundaries and twinned area. The average dislocation density and the relative fractions of dislocations with different Burgers vectors were determined from neutron diffraction data. It was found that the twin fraction increases remarkably and becomes saturated at lower strain rates (0.001-1 s-1), while the dislocation density only obtains an obvious enhancement at a much higher strain rate (600 s-1). Besides, the distinctively high flow stress at high strain rate leads to a substantial increase in the density of the hard-to-activate -type dislocations, after the -type dislocation density reaches rapidly its saturated value at a small strain level. The twinning modes with opposite polarities are able to coexist in the same grains because of the high local stress concentration at strain rates above 1 s-1.
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1. Introduction
Slip and twinning are two major plastic deformation mechanisms in magnesium (Mg) and its alloys. Slip in Mg and its alloys takes place primarily along the  () direction on basal and  prismatic planes [1-4]. Since none of the above slip systems with -type Burgers vector is able to accommodate c-axis strain, either deformation twinning or slip systems along the  () direction must be activated to provide sufficient degrees of freedom for generalized plastic deformation [5-7]. The commonly observed twin modes in Mg alloys are  extension twinning and  contraction twinning, which in general accommodate tension and compression along the c-axis, respectively [8]. In addition, secondary extension twins tend to form within primary contraction twins lamella, resulting in the appearance of - double twins [9]. The polarity of twinning determines that the nucleation of twins is restricted to occur in one direction, in contrast to dislocations that can glide in both positive and negative directions in slip planes [10-12]. Thus, if the direction of applied stress is unfavorable for twinning, the hard-to-activate -type slip mode is required. The existence of -type dislocations on pyramidal  and  planes has been confirmed in deformed Mg alloys [11, 13-17].
[bookmark: OLE_LINK11][bookmark: OLE_LINK12]The experimentally measured critical resolved shear stress (CRSS) values for the slip systems and twinning in Mg and its alloys have been reported in many studies [18-23]. In fact, the nucleation of twins is still a matter of debate [24-27]. A prevalent view is that twinning occurs in grains with a high resolved shear stress on the twin system [23, 28, 29]. Some studies pointed out that twin nucleation is also influenced by grain boundary structure and local stress state [26, 30-32]. Although the Schmid’s law does not completely rationalize the nucleation of twins, it is informative to compare the reported CRSS values for different deformation modes. The general trend is that the CRSS values for basal slip and extension twinning are smaller than those for prismatic  slip, pyramidal  slip and contraction twinning under general loading condition. Moreover, the CRSS values for basal slip and twinning are widely accepted to be insensitive to strain rate in view of their athermal nature, whereas those for non-basal slip systems are largely dependent on strain rate [20, 33]. Therefore, a Mg alloy subjected to high strain rate loading is likely to present a different deformation mechanism compared with its counterpart deformed at quasi-static strain rate. Considering the usage of Mg alloys, as light structural materials, in metal forming process and automotive industry over a wide range of strain rates [34], it is of great interest to study the evolution of microstructure with strain rate and how it influences the macroscopic behavior.
[bookmark: OLE_LINK19][bookmark: OLE_LINK20][bookmark: OLE_LINK21][bookmark: OLE_LINK22][bookmark: OLE_LINK25]Up to now, many studies have focused on the microstructural evolution and mechanical performance of Mg alloys subjected to various loading rates. For instance, Ishikawa et al. [35] examined the mechanical properties of AZ91 alloy at the strain rates of 10-3 to 103 s-1 over a wide temperature range and found that, during dynamic loading tests, deformation twins form even when temperature reaches 673 K, which is not the case at 10-3 s-1. Tucker et al. [36] performed compression tests on AZ31B alloy in the normal, rolling and transverse directions at two strain rates, 0.001 and ~4000 s-1. The results indicated that the strain-rate dependence of yield stress is anisotropic, while twin density increases with strain rate in all the orientations. The enhanced fraction of extension twins at 103 s-1 was also observed by Ulacia et al. [37] and Dudamell et al. [25] in AZ31 alloy. Besides, Ulacia et al. [37] found that the variation in yield stress with strain rate is evident when prismatic and basal  slips predominate. Dudamell et al. [25] revealed that high strain rate is capable of promoting the nucleation of extension twins even in grains which are not favorable for extension twinning at quasi-static strain rate. While it seems that the promotion of deformation twinning at dynamic loading rates is a certainty, surprisingly, Dudamell et al. [38] discovered a decrease in the twin density in a Mg alloy containing neodymium at the strain rate of about 103 s-1, emphasizing the strengthening effect of rare-earth element on basal slip systems at quasi-static strain rate. Recently, Yu et al. [39] explored the microstructural evolution of EW75 alloy at strain rates ranging from 1000 to 3000 s-1 and the results showed that the fraction of extension twins remains a low value above the strain rate of 1000 s-1.
[bookmark: OLE_LINK26][bookmark: OLE_LINK61]Additionally, the rate-dependent evolution of twins is associated with work hardening behavior. For example, Jiang et al. [40] suggested that, below 150 oC, the increased amount of double twins in AM30 alloy, as strain rate increases from 0.001 to 0.1 s-1, produces more softening effect and leads to a decrease in the strain hardening rate. Li et al. [41] attributed the increased strain hardening rate of ZK60 alloy, with increasing strain rate up to 8000 s-1, to the activation of profuse extension twinning. Feather et al. [42] proposed that the higher strain hardening rate in WE43 alloy under dynamic loading condition than under quasi-static condition can be explained by the improvement of relative activity of contraction and double twinning modes. 
[bookmark: OLE_LINK62][bookmark: OLE_LINK63]In contrast to twinning, the evolution of dislocation substructure with strain rate was rarely reported in Mg alloys. Pan et al. [43] promoted more  and -type dislocations in a Mg-Sn alloy by raising strain rate from 10 to 2000 s-1. The enhanced dislocation activities were found to be associated with the positive strain rate sensitivity of ultimate tensile strength and elongation. Lee et al. [44] presented that the total dislocation density in AZ80 alloy increases as strain rate increases from 800 to 2200 s-1 and emphasized the strengthening effect of dislocations. It appears that the influence of strain rate on dislocation density in Mg alloys has only been studied by using transmission electron microscopy (TEM). Despite the fact that TEM allows a direct observation of dislocation structure owing to its high resolution, the small field of view in a TEM micrograph may not be characteristic of the bulk. Alternatively, line profile analysis (LPA) of X-ray or neutron diffraction pattern has been proved to be a powerful tool to evaluate the density of dislocations with better statistics [45, 46]. In particular, the penetration depth of neutron diffraction can reach several cm. So far, a quantitative investigation combining the rate-dependent developments of dislocations and twins has not been carried out in Mg alloys.
The present work aims to explore the evolution of dislocation and twin densities with strain and strain rate in a MM31 Mg alloy. With this purpose, interrupted tensile tests at the strain rates of 0.001, 1 and 600 s-1 were conducted. Deformation twins were characterized by microscopy techniques and dislocation density was determined from neutron diffraction data for the samples subjected to various strains and strain rates. The comprehensive analysis of microstructural evolutions was then used to elucidate the rate-dependent mechanical response.
1. Experiments
[bookmark: OLE_LINK23][bookmark: OLE_LINK24][bookmark: OLE_LINK5][bookmark: OLE_LINK6][bookmark: OLE_LINK13][bookmark: OLE_LINK14][bookmark: OLE_LINK27][bookmark: OLE_LINK28][bookmark: OLE_LINK17][bookmark: OLE_LINK18][bookmark: OLE_LINK15][bookmark: OLE_LINK16][bookmark: OLE_LINK29][bookmark: OLE_LINK30]A Mg alloy MM31 with a chemical composition of Mg-2.64Al-0.64Zn-0.46Mn-0.72Sn-0.01Y (wt.%) was employed in the present study. All the specimens used in the experiments were cut into dog-bone shape from an as-received extruded sheet with a thickness of 1.2 mm. Tensile tests were carried out at room temperature over a wide range of strain rates from 0.001 s-1 to 600 s-1, with the loading axis parallel to the extrusion direction (ED). The quasi-static tensile tests were performed using a Kammrath & Weiss tensile module with a maximum load capacity of 10 kN at 0.001 s-1. The tensile tests at intermediate strain rates, i.e., 0.01 s-1, 0.1 s-1 and 1 s-1, were performed in a MTS 810 universal testing machine. The high-strain-rate tensile tests at 600 s-1 were conducted by a split Hopkinson tensile bar (SHTB) apparatus and its technical details were presented in Ref. [47]. Specimens used in both the quasi-static and high-strain-rate tensile tests have a 4 mm wide and 10 mm long gauge section. Specimens with a gauge length of 25 mm and a width of 6 mm were used in the intermediate-strain-rate tensile tests. To study the evolution of microstructure during straining, specimens deformed to different strains at various strain rates were obtained. The tensile tests at 0.001 s-1 and 1 s-1 were interrupted at 0.02 and 0.05 strains. In addition, the high-strain-rate tests were interrupted at the strain levels of 0.02 and 0.06 using the following techniques: (i) shortening the striker bar in the SHTB system to reduce the duration of effective tensile loading and thus the amount of deformation of specimens, (ii) conducting pretests to keep the amplitude of tensile loading wave, which is positively correlated with strain rate, constant for each striker bar of different lengths and (iii) placing two additional bars, which are referred to as momentum trap bars (MTBs), coaxially in front of the incident bar in the SHTB system to protect the specimens from being damaged by residual loading waves [48]. Several points regarding the MTBs and the implementation of interrupted high-strain-rate tensile tests were introduced in Ref. [47]. 
[bookmark: OLE_LINK7][bookmark: OLE_LINK8][bookmark: OLE_LINK9][bookmark: OLE_LINK10][bookmark: OLE_LINK64][bookmark: OLE_LINK65]Electron backscattered diffraction (EBSD) measurements were operated at 20 kV in a Zeiss Sigma 300 microscope equipped with an EBSD analysis system (Oxford HKL Channel 5) and performed on the normal direction (ND) plane of the specimens. Pole figures and twin area fractions were obtained using ATEX software [49]. The EBSD samples were prepared by mechanical grinding and electro-polishing using a solution of 10% perchloric acid and 90% ethanol (vol.%) at 30 V and at 238 K. In EBSD mapping, a step size of 4 m was chosen for areas of 2.2 mm by 1.5 mm to characterize the initial microstructure and a step size of 2 m was selected for other areas to highlight twin boundaries. The fractions of twin boundaries were obtained by the HKL Channel 5 software. Quasi-in-situ EBSD observations were performed along with the interrupted tensile tests at 0.001 s-1 to directly monitor the evolution of deformation twins with strain in the same region, before and after each straining operation. To examine the evolution of dislocation density, which is representative for a macroscopic sample, neutron diffraction experiments were conducted using the general purpose powder diffractometer (GPPD) [50] at the China Spallation Neutron Source (CSNS). The neutron measurements were taken from the entire gauge volumes of the specimens. The time-of-flight (TOF) neutron data were collected from the 90 detector bank with fine radial collimator. Vickers hardness tests were conducted with a load of 100 gram-force (gf) in a standard micro-hardness tester (Mitutoyo, AVK-C2). The bulk average value of Vickers hardness of each specimen was measured by averaging the results of 20 data points in the gauge part. The 20 points were placed in three rows (7 points in the first two rows and 6 points in the last row) and the distance between two adjacent points was set to be 1 mm so that the investigated area is large enough to represent the bulk sample.
1. Results
Fig. 1 illustrates the initial microstructure and texture of the as-received MM31 alloy. It can be seen that most grains have basal planes aligned approximately perpendicular to the ND and the rest can be divided into two groups: one with the c-axis nearly parallel to the transverse direction (TD) observed in the area denoted as Zone 1 (Fig. 1b-c) and the other with the c-axis nearly parallel to the ED observed in the area denoted as Zone 2 (Fig. 1d-e). A transitional area between Zone 1 and Zone 2 is shown in Fig. 1a.
Fig. 2a with an inset presents the engineering stress-strain curves until failure at strain rates ranging from 0.001 to 600 s-1. The enhancement of yield stress at higher strain rate is obvious and the ability of work hardening at strains less than 0.02 is lower with increasing strain rate. In addition, the ultimate tensile strength does not increase dramatically until the strain rate reaches 600 s-1. Three strain rates, 0.001, 1 and 600 s-1, were chosen for further investigation and the corresponding true stress-strain curves up to necking and work hardening rates are displayed in Fig. 2b and 2c, respectively. It is noted that the samples deformed at the strain rates of 0.001 and 1 s-1 show monotonically decreasing strain hardening rates in general, whereas their counterpart at 600 s-1 exhibits an increased strain hardening rate shortly after about 0.02 strain. Moreover, the tensile curves obtained in the interrupted SHTB experiments at 600 s-1 are illustrated in Fig. 2d. 
Fig. 3 shows the quasi-in-situ EBSD inverse pole figure (IPF) maps of a sample in the unloaded state and after straining to 0.02 and 0.05 at 0.001 s-1. It is apparent that only a small amount of deformation twins appear at 0.02 strain and more twins nucleate and propagate during subsequent straining, acutely increasing the extent of twinning activity at 0.05 strain. Besides, orientation gradients associated with grain rotation occur in many grains, which is believed to be caused by dislocation slip. Since most grains in Zone 1 (Fig. 3a-c) have their c-axes aligned approximately perpendicular to the loading direction, they do not favor twinning activation as strongly as many grains in Zone 2 (Fig. 3d-f) with their c-axes aligned approximately parallel to the tensile direction. The types of deformation twins were identified according to the twin/matrix misorientations in EBSD maps. Specifically, the boundaries with misorientations of 86.3, 56.2 and 37.5 (with a tolerance angle of 5) around the  axis were denoted as  extension,  contraction and - double twin boundaries, respectively. Fig. 4 visibly shows that the observed twins mainly are extension type. Besides, T1 and T2 defined in Fig. 4b share the similar line profiles of misorientation angle as presented in Fig. 4c, indicating the occurrence of contraction twinning at 0.05 strain. The appearance of deformation bands with extremely low image quality (dark) in Fig. 4b has been reported in many studies [51, 52] and the dark bands are likely to consist of the fragments of contraction and double twins. It is worth noting that contraction and double twins were not observed at 0.02 strain at 0.001 s-1.
Fig. 5 displays the EBSD IPF maps of the samples after straining to 0.02 at the strain rates of 1 and 600 s-1. The numbers in Fig. 5 represent the fractions of twinned area. The corresponding types and fractions of twin boundaries are depicted in Fig. 6. It is interesting to find that there is basically no difference in the amount of twins between the samples loaded at 1 and 600 s-1. While there is no substantial activity of contraction and double twins at 0.02 strain in quasi-static tensile testing (Fig. 4a), these twins are activated at the very early stage of plastic deformation under dynamic loading conditions, as shown in Fig. 6a and 6b. In addition, the activity of extension twins is sharply enhanced as strain rate reaches 1 s-1 or higher, not only in grains favorably oriented for this mechanism to operate (Fig. 6c-d), but also even in those grains which are not suitably oriented for the activation of extension twinning (Fig. 6a-b). Further, the coexistence of different twinning modes in one grain is exclusively discovered in the samples deformed at 1 and 600 s-1. 
Fig. 7 presents the EBSD IPF maps of the samples deformed up to 0.05 strain at 1 s-1 and 0.06 strain at 600 s-1, and Fig. 8 characterizes the corresponding twin boundaries. In Zone 1 where twinning is not favorable, it can be seen from Fig. 7a and 7b that as strain exceeds 0.02, the twins become thicker and more difficult to be fully indexed by EBSD because of high lattice distortion. In addition, Fig. 8a and 8b indicate that the relative activity of double twins is clearly improved. In Zone 2 where many grains are properly oriented for extension twinning, Fig. 7c and 7d present that the extension twins grow rapidly and almost encompass the entire grain at large strains.
[bookmark: OLE_LINK33][bookmark: OLE_LINK34][bookmark: OLE_LINK31][bookmark: OLE_LINK32]Besides twinning, dislocation slip is also a key mechanism of plastic deformation. To investigate the evolution of dislocation density at a macroscopic level, neutron diffraction experiments were conducted on the undeformed sample and samples deformed to various strains at 0.001, 1 and 600 s-1. The methods used to evaluate dislocation density from diffraction line profiles, known as the classical Williamson-Hall (WH) method [53] and Warren-Averbach (WA) method [54], were proposed in the 1950s for elastically isotropic metals (e.g. tungsten and aluminum). Ungar et al. [55] introduced a novel parameter, dislocation contrast factor, into the WH method to take into account the anisotropy of elastic properties. After the modification, theoretical curves tend to fit well with experimental data, leading to more reliable results for elastically anisotropic metals and alloys, including Mg alloys. It is noted that the WA method possesses the same dislocation contrast factors as the WH method. Therefore, the modified WH (MWH) and modified WA (MWA) methods have been widely employed in combination [47, 56, 57]: the former determines contrast factors from solely the width of diffraction peaks, and the latter utilizes the contrast factors and the shape of the peaks to calculate dislocation density. In this study, the neutron diffraction data were also analyzed by the combined MWH-MWA method. The analysis procedure in details for the undeformed sample is served as an example and illustrated as follows.
[bookmark: OLE_LINK35][bookmark: OLE_LINK36][bookmark: OLE_LINK39][bookmark: OLE_LINK40]Initially, the measured neutron diffraction profile was ﬁtted using the pseudo-Voigt function [58], as presented in Fig. 9. The fitting error was calculated as the percent root-mean-square difference (PRD) [59] between the measured data and the pseudo-Voigt model. The data in Fig. 9 gave a PRD equal to 4.4%, indicating that a good fit was obtained. Eight peaks including (10.0), (00.2), (10.1), (10.2), (11.0), (10.3), (11.2) and (20.1) reflections were used in the subsequent calculations. The full width at half-maximum (FWHM) of each diffraction peak  was described in the MWH equation [60] as:
[bookmark: OLE_LINK41][bookmark: OLE_LINK42]                              (1)
where D, b, ρ, K represent the volume averaged crystallite size, the magnitude of the Burgers vector, the average dislocation density and the Bragg position, respectively. Here A is a parameter dependent on the effective outer cut-off radius of dislocations Re and O denotes the negligible higher order terms in . For hexagonal crystals, the average contrast factor  corresponding to each {hk.l} reflection was proposed as [61]:
                                             (2)
                                                        (3)
where , ,  and  stand for the average contrast factor for {hk.0} reflections, the fourth index of the {hk.l} reflection, the magnitude of the diffraction vector and the basal lattice parameter, respectively. Besides,  and  are variables associated with the anisotropic elastic constants of the material. Eq. (1) can be rewritten in quadratic form by substituting  with the right-hand side of Eq. (2) as:
				 			(4)
[bookmark: OLE_LINK49][bookmark: OLE_LINK50][bookmark: OLE_LINK51][bookmark: OLE_LINK52][bookmark: OLE_LINK59][bookmark: OLE_LINK60][bookmark: OLE_LINK121][bookmark: OLE_LINK122][bookmark: OLE_LINK123][bookmark: OLE_LINK124][bookmark: OLE_LINK151][bookmark: OLE_LINK152][bookmark: OLE_LINK119][bookmark: OLE_LINK120]where  and . In this equation, the values of K, ∆K and x can be obtained directly from the measured neutron diffraction profile. Thus, the values of , ,  and  were determined by achieving the best quadratic fit between  and , as the MWH plot in Fig. 10a illustrates. It was shown that the measured values of  and  from the MWH plot, denoted as , can be employed to decide the relative fractions of dislocations with three basic Burgers vector types (,  and ) by following the b2C procedure [62, 63].
[bookmark: OLE_LINK117][bookmark: OLE_LINK118][bookmark: OLE_LINK141][bookmark: OLE_LINK142]There are eleven slip systems in hexagonal crystals and their Burgers vectors and slip planes are listed according to Ref. [64] in Table 1. It is noted that each slip system is characterized by unique theoretical values of ,  and , which were evaluated numerically using a computer program ANIZC [65] for a large number of hexagonal crystals including Mg and summarized in Ref. [61]. If the number of possible activated slip systems is denoted as NA (usually 0 < NA < 11), then the fractions of ,  and  Burgers vector groups are given as:
      				(5)
[bookmark: OLE_LINK149][bookmark: OLE_LINK150]where ,  and  are the numbers of the activated slip systems in ,  and  Burgers vector types. For every possible combination of activated slip systems, the weighted averages of the theoretical  and  values, denoted as , were introduced as [62]:
	(6)
 	(7)
[bookmark: OLE_LINK155][bookmark: OLE_LINK156][bookmark: OLE_LINK157][bookmark: OLE_LINK158]where ,  and  are the ,  and -type Burgers vectors and the letter “j” indicates that the theoretical values for the jth slip system are used. A possible combination of activated slip systems is considered valid once the weighted averages  and the measured parameters  satisfy the tolerance conditions in Ref [62]. After finding all valid slip system combinations, the corresponding ,  and  values and their frequencies are illustrated in Fig. 10b. Therefore, the average fractions of the three dislocation groups, ,  and , are the centres of gravity of the histograms. Furthermore, the values of ,  and  were used in the calculation of  for each diffraction vector  as follows [62]:
				 (8)
The evaluation of  enables the operation of the MWA method and the MWA equation was proposed as [66]:
                     (9)
                                             (10)
where L, ,  and  represent the Fourier length, the Fourier coefficients of the diffraction profile, the size contribution and higher order terms, respectively. According to Eq. (9), the first-order coefficient  was determined by fitting  against  as the MWA plot in Fig. 10c displays. Further, Eq. (10) can be rewritten as:
                                     (11)
This linear relationship between  and  implies that the dislocation density ρ and outer cut-off radius of dislocations Re can be calculated from the slope  and the intercept , respectively. It is noticed that no instrumental profile was used to eliminate the instrumental contribution to peak broadening, which means that all the results obtained here do not indicate the exact values of dislocation density. Nevertheless, the relationship of all the results to one another is able to depict the trend of dislocation density with increasing strain and strain rate. Fig. 11 illustrates the evolutions of average dislocation density and Vickers hardness with strain in the samples deformed at 0.001, 1 and 600 s-1. The calculated dislocation densities and measured values of Vickers hardness represent the bulk average values of the entire gauge parts of the specimens. It is obvious that the results of dislocation density and hardness are in good agreement with each other. The amount of dislocations produced at 0.001 s-1 is close to that at 1 s-1, whereas the sample loaded at 600 s-1 has a visibly higher dislocation density at all strains, distinguishing itself from others. Moreover, Fig. 12 unveils the variation of the average density of dislocations in each Burgers vector group with strain and strain rate. Since -type dislocations do not provide any independent slip modes [7], the focus is placed on the other two types. It is clear that the dislocations with Burgers vector  prevail at strains less than 0.02 under all loading rates, which is in accordance with their easier activation compared with those with Burgers vector . The prominent finding is that at strains ranging from 0.02 to 0.06 at 600 s-1, -type dislocations are saturated, whereas -type dislocation density increases by a considerable amount, in contrast to its counterparts at the other two strain rates. The dislocation activity at 0.001 and 1 s-1 still mostly depends on -type slip systems with increasing strain from 0.02 to 0.05.
1. Discussion
The predominant twinning and slip modes in hexagonal crystals are largely ascribed to texture. In this work, basal slip is suppressed by the as-received texture at first since the basal planes are approximately either parallel or perpendicular to the loading direction (Fig. 1c and 1e), leading to a small Schmid factor (SF) value for this deformation mode in most grains. However, many studies reported that basal slip is still activated to some extent under this circumstance owing to its extremely low CRSS value and may play an important role at the later stage of deformation [37, 67-69]. On the other hand, prismatic  slip is likely to contribute to deformation shortly after yielding commences, regarding its high SF value in the majority of the grains, which have their c-axes aligned nearly perpendicular to the loading direction (Fig. 1c and 1e). In addition, extension twinning is highly favored where the c-axes are oriented parallel to the tensile direction, particularly in Zone 2 (Fig. 1e). It is well known that mechanical twinning can influence the strain hardening behaviour of Mg alloys, which is accompanied by an increase of dislocation density during plastic deformation, in many different ways. On the one hand, twinning is able to facilitate the accommodation of strain along the c-axis and thus produces a softening effect. On the other hand, twinning has the potential to increase strain hardening rate based on the following mechanisms: (i) the role of twin boundaries acting as obstacles for dislocation movement [70, 71], (ii) the dynamic Hall-Petch effect due to the reduced effective grain size with the appearance of twin boundaries [72, 73] and (iii) the Basinski mechanism arising from the transmutation of the glissile dislocations in matrix to sessile dislocations by twinning [74, 75]. Moreover, it was pointed out that twin-twin interactions may also cause an additional hardening effect [76, 77]. Thus, the variations in the activities of twins and dislocations with strain and strain rate are discussed below and the rate-dependent mechanical properties shown in Fig. 2 are also rationalized.
The trends of the twin density at 0.02 strain with strain rate in Zone 1 and Zone 2 (Fig. 3-6) are summarized in Fig. 13a and 13b, respectively. Here, the twin density is evaluated using the fraction of twin boundaries and the fraction of twinned area, which share the same tendency with loading rate in this study. It is clear that the twin density in Zone 2 is much higher than that in Zone 1 since twinning is the major contributor to the longitudinal strain in Zone 2, while it only accommodates the lateral strain in Zone 1. Nevertheless, the general trend of twin fractions with strain rate is independent of grain orientation. In both Zone 1 and Zone 2, as strain rate increases from 0.001 to 1 and then to 600 s-1, the twin fractions initially go up by a pronounced amount and then become saturated. The upsurge in twin density at strain rate reaching 1 s-1 can be attributed to two factors. 
Firstly, on account of the positive strain rate sensitivity of the CRSS value of prismatic  slip, the tensile yield stress increases with strain rate as presented in Fig. 2b, inducing more driving force for the activation of twinning. It is widely accepted that a higher flow stress above a critical value is capable of increasing the number of twins per grain [28] or inducing a hard-to-activate twinning system. For example, at 0.02 strain, contraction twinning mode is extensively activated at the strain rates of 1 and 600 s-1 (Fig. 6a-b), but no contraction twins form at 0.001 s-1 (Fig. 4a). That is because the flow stress at small strains (up to about 0.02) at 0.001 s-1 is lower than its counterparts at the other two strain rates (Fig. 2b). Secondly, local stress concentration is likely to make a contribution to the increased frequency of twinning. The evidence is that extension and contraction twins, which have opposite polarities, are able to nucleate in the same grains at 0.02 strain exclusively at 1 and 600 s-1, as illustrated in Fig. 6a and 6b. Similar phenomena were also observed under dynamic loading conditions in Ref. [25, 37, 42]. By contrast, Fig. 4b indicates that although contraction twins appear at 0.001 s-1 as the strain reaches 0.05, where the stress level is higher than that at 0.02 strain at 1 s-1, the coexistence of two different twinning modes in one grain is still absent. As a consequence, the frequent occurrence of extension twinning in Fig. 6a and 6b cannot be explained solely by the magnitude of flow stress. Instead, it is postulated that the decreased waiting time of dislocations at obstacles at higher strain rate intensifies the local stress concentration and thus induces more sites for the nucleation of extension twins.
Further, the pronounced increase in twinning activity at strains lower than 0.02 at the strain rates of 1 and 600 s-1, as shown in Fig. 13a and 13b, assists in the accommodation of both longitudinal (Zone 2) and lateral (Zone 1) plastic deformation, producing a softening effect. Accordingly, Fig. 2c demonstrates that the corresponding work hardening rates at 1 and 600 s-1 decline rapidly to a lower level, compared with their counterpart at 0.001 s-1. Another interesting fact shown in Fig. 13a and 13b is that, with increasing strain rate from 1 to 600 s-1, either the fraction of twin boundaries or the fraction of twinned area almost remains unchanged. Since the coalescence of twins is not common at 0.02 strain as seen evidently in Fig. 5, the twin boundary fraction can represent the extent of twin nucleation. Therefore, the saturation of twin boundary fraction implies that the number of nucleation sites nearly reaches a maximum value at the strain rate of 1 s-1. This phenomenon can also be understood as analogous to phase transformation [78]. The twinning at 0.001 s-1 illustrates continuous nucleation (Fig. 3), i.e. the number of nuclei increases during deformation, whereas that at strain rates above a characteristic strain rate (~1 s-1) belongs to site saturation type (Fig. 5 and Fig. 7), i.e. nearly all possible nuclei present at the beginning of deformation. Moreover, it is known that the stress to propagate an existing twin is only a fraction of the nucleation stress [79, 80]. As a result, the growth of existing nuclei at 1 and 600 s-1 are mainly related to external strains, leading to their similar twin area fractions at 0.02 strain. 
Different from the evolution of twin fractions, Fig. 13c shows that the average dislocation density at 0.02 strain does not obtain an apparent enhancement until the strain rate reaches 600 s-1. It can be seen from Fig. 2b that the flow stress at small strains (up to about 0.02) at 600 s-1 is much higher than those at 0.001 s-1 and 1 s-1. Therefore, the visibly high flow stress at 600 s-1 is likely to overcome the critical stress for the activation of slip systems with low SF values or high CRSS values, so that the densities of three types of dislocations all reach high values at 600 s-1 (Fig. 12). On the contrary, the flow stresses at 0.001 s-1 and 1 s-1 are not high enough so that the corresponding dislocation densities are lower. Additionally, it is noted that as the strain rate increases from 0.001 to 1 s-1, the small increase in flow stress hardly makes an obvious difference to the dislocation density, but is able to increase the twin density as twinning stress is much lower than the stress for dislocation glide in the present material.
With increasing strain up to 0.05, the twin density grows by a significant amount (Fig. 4e) and contraction twinning occurs at 0.001 s-1 (Fig. 4b), facilitating the corresponding deformation. At higher strain rates, besides the improved frequency of double twinning, the existing twins propagate and even encompass the whole grain (Fig. 7-8). Additionally, the samples deformed at the strain rates of 0.001 and 1 s-1 share similar dislocation densities (Fig. 11-12) as well as flow stresses (Fig. 2b) at 0.05 strain, which implies the prevalence of basal slip, the only slip system with a strain-rate-insensitive CRSS value. While the above-mentioned samples exhibit tensile curves with the concave side downward, the sample deformed at 600 s-1 is abruptly strengthened after about 0.02 strain, as illustrated in Fig. 2b. It is evident that deformation twinning solely cannot serve as the source of hardening at 600 s-1. Because no obvious difference in the twinning activity at 0.02 strain was observed between the strain rates of 1 and 600 s-1 (Fig. 5-6), but the work hardening rate at 1 s-1 steadily decreases with strain (Fig. 2c). Hence, the twinning induced hardening mechanisms, such as the twin-twin interactions, Hall-Petch effect and Basinski mechanism, take little effect on the strain hardening behavior of the present Mg alloy. As a matter of course, the extra amount of dislocations generated at 600 s-1 (Fig. 11), in contrast to those at other strain rates, must play an indispensable role here. It is noted that, owing to the high flow stress at 600 s-1 (Fig. 2b), the -type dislocation density rapidly reaches its saturated value at a small strain level of about 0.02 and the density of -type dislocations keeps going up at a nearly constant rate in the studied strain range (Fig. 12). The -type dislocations are not saturated and much less in amount compared with the -type dislocations, since they are known as the most difficult deformation modes to be activated.
It was proposed that the -type dislocation is able to fully or partially penetrate or be absorbed by a  twin boundary through various dislocation reactions in a twinned grain with a low dislocation density [71]. This explains why the activity of -type dislocations constantly enhances at 1 s-1 (Fig. 12) in spite of the remarkable twin density (Fig. 5). While the dislocation density in the twinned grain reaches a higher value, the above-mentioned penetration and absorption processes are unfavorable because the -type dislocations are likely to be pinned at the twin boundaries and tangle with each other, resulting in an increase in the strain hardening rate [71]. Besides, -type dislocations were extensively observed in the vicinity of extension twins at strain rates above 1000 s-1 [69, 81] and exactly,  twin boundaries can be the source of -type dislocations according to the reactions demonstrated in Ref. [8]. They are in accordance with the experimental results shown in Fig. 12 that, as strain increases from 0.02 to 0.06 at 600 s-1, the growth of -type dislocations is saturated and the density of the hard-to-activate -type dislocations goes up to accommodate the deformation, compared with the cases at other strain rates. Therefore, the abrupt strengthening at about 0.02 strain at 600 s-1 shown in Fig. 2b, to a large extent, is due to the slip-twin interactions in twinned grains with a high dislocation density.
1. Conclusions 
EBSD measurements and neutron diffraction experiments were employed to quantitatively study the evolution of twin and dislocation densities at various strain rates in a MM31 Mg alloy. The main conclusions are listed as follows.
0. The strain rate of 1 s-1 can produce a saturated density of twins, whereas a much higher strain rate of 600 s-1 is required to substantially increase the dislocation density.
0. The evidently high flow stress at 600 s-1 results in a saturated density of the -type dislocations at a small strain level and afterwards the density of the hard-to-activate -type dislocations increases by a considerable amount. The obviously high dislocation density at 600 s-1 is likely to induce a hardening effect by slip-twin interactions, leading to an abrupt increase in work hardening rate.
0. The strain rates above 1 s-1 are able to induce the coexistence of twinning modes with opposite polarities in the same grains, which can be interpreted in terms of local concentration.
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Fig. 1. EBSD inverse pole figure (IPF) maps (a, b, d) and pole figures (c, e) showing the initial microstructure and texture of the as-received samples. (a) is located between (b) (referred to as “Zone 1”) and (d) (referred to as “ Zone 2”). (c) and (e) were calculated from the EBSD data for the regions shown in (b) and (d), respectively.
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Fig. 2. (a) Engineering stress-strain curves at various strain rates ranging from 0.001 s-1 to 600 s-1. (b) True stress-strain curves and (c) corresponding work hardening rate curves up to necking at the strain rates of 0.001 s-1, 1 s-1 and 600 s-1. (d) Engineering stress-strain curves of interrupted tensile tests at 600 s-1.
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Fig. 3. Quasi-in-situ EBSD IPF maps of the sample (a, d) before deformation and deformed in tension along ED up to (b, e) 0.02 strain and (c, f) 0.05 strain at the strain rate of 0.001 s-1. The subtle differences between (a) and (b) are marked by white arrows.
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Fig. 4. (a, b, d, e) Band contrast maps superimposed by various twin boundaries showing three twinning modes identified in Fig. 3(b, c, e, f), respectively. (c) A line profile of the misorientation angle along the white line denoted as T1 in (b). The sample was deformed up to (a, d) 0.02 strain and (b, e) 0.05 strain at the strain rate of 0.001 s-1.
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Fig. 5. EBSD IPF maps of the samples deformed in tension along ED up to 0.02 strain at the strain rates of (a, c) 1 s-1 and (b, d) 600 s-1. The number in each map shows the fraction of twinned area.
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Fig. 6. Band contrast maps superimposed by various twin boundaries showing three twinning modes identified in the samples corresponding to Fig. 5. The number in each map shows the fraction of twin boundaries. The samples were deformed up to 0.02 strain at the strain rates of (a, c) 1 s-1 and (b, d) 600 s-1.
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Fig. 7. EBSD IPF maps of the samples deformed in tension along ED up to (a, c) 0.05 strain at the strain rate of 1 s-1 and (b, d) 0.06 strain at the strain rate of 600 s-1. 
[image: ]
Fig. 8. Band contrast maps superimposed by various twin boundaries showing three twinning modes identified in the samples corresponding to Fig. 7. The samples were deformed up to (a, c) 0.05 strain at the strain rate of 1 s-1 and (b, d) 0.06 strain at the strain rate of 600 s-1.
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Fig. 9. The measured and fitted neutron diffraction profiles of the undeformed sample. K is the reciprocal space variable.
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Fig. 10. (a) Modified Williamson-Hall plot, (b) a typical histogram of the frequency distribution of possible fractions of ,  and -type dislocations (i.e. ,  and ) and (c) modified Warren-Averbach plot obtained from the diffraction profile in Fig. 9. 
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Fig. 11. Evolutions of (a) average dislocation density and (b) Vickers hardness with strain at the strain rates of 0.001 s-1, 1 s-1 and 600 s-1. The results in (a) and (b) represent the bulk average values of the entire gauge parts of the samples.
[image: ]
Fig. 12. Evolutions of the average density of (a) , (b)  and (c) -type dislocations with strain at the strain rates of 0.001 s-1, 1 s-1 and 600 s-1.
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Fig. 13. Evolutions of twin boundary (TB) fraction (solid line) and twin area (TA) fraction (dashed line) in (a) Zone 1 and (b) Zone 2 and (c) average dislocation density () with strain rate at 0.02 strain.




Tables
Table 1 
The main slip systems in hexagonal crystals
	Major slip system
	Sub-slip system
	Burgers vector
	Slip plane
	Burgers vector type

	Edge dislocations

	Basal
	BE
	
	
	

	Prismatic
	PrE
	
	
	

	
	Pr2E
	
	
	

	
	Pr3E
	
	
	

	Pyramidal
	PyE
	
	
	

	
	Py2E
	
	
	

	
	Py3E
	
	
	

	
	Py4E
	
	
	

	Screw dislocations

	
	S1
	
	
	

	
	S2
	
	
	

	
	S3
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