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Dual-phase «v-TiAl and a2-Tiz Al alloys exhibit high strength and creep resistance at high temperatures. How-
ever, they suffer from low tensile ductility and fracture toughness at room temperature. Experimental studies
show unusual plastic behaviour associated with ordinary and superdislocations, making it necessary to gain a
detailed understanding on their core properties in individual phases and at the two-phase interfaces. Unfor-
tunately, extended superdislocation cores are widely dissociated beyond the length scales practical for routine
first-principles density-functional theory (DFT) calculations, while extant interatomic potentials are not quan-
titatively accurate to reveal mechanistic origins of the unusual core-related behaviour in either phases. Here,
we develop a highly-accurate moment tensor potential (MTP) for the binary Ti-Al alloy system using a DFT
dataset covering a broad range of intermetallic and solid solution structures. The optimized MTP is rigor-
ously benchmarked against both previous and new DFT calculations, and unlike existing potentials, is shown
to possess outstanding accuracy in nearly all tested mechanical properties, including lattice parameters, elastic
constants, surface energies, and generalized stacking fault energies (GSFE) in both phases. The utility of the
MTP is further demonstrated by producing dislocation core structures largely consistent with expectations from
DFT-GSFE and experimental observations. The new MTP opens the path to realistic modelling and simulations
of bulk lattice and defect properties relevant to the plastic deformation and fracture processes in «-TiAl and

a2-TizAl dual-phase alloys.

I. INTRODUCTION

The Ti-Al alloy system possesses superior properties such
as light weight and high strength relative to other alloy sys-
tems. In particular, two-phase intermetallic L1y «-TiAl and
DO0;9 a2-TizAl alloys have outstanding mechanical and phys-
ical properties attractive for high-temperature structure mate-
rial applications [1]. They have high specific strength, stiff-
ness and oxidation resistance competitive to other Fe-based
or Ni-based alloys [2]. However, TiAl-based alloys suffer
from low tensile ductility and fracture toughness at low or
room temperatures. The poor plastic properties stem from
the lack of sustainable deformation mechanisms within the
individual phases and at the two-phase interfaces [3-5]. The
L1y and DO;g structures have highly complex dislocation slip
and twinning systems [6, 7] (Fig. 1), and exhibit strong solute
interaction effects [§—11]. Understanding the plastic defor-
mation mechanisms and behaviour are thus crucial but chal-
lenging in the Ti-Al system. Experimental studies have re-
vealed a rich set of unusual deformation phenomena associ-
ated with dislocation core structures and energetics. For ex-
ample, L1y-TiAl single crystals exhibit anomalous yield be-

haviour at 700-1000 °C [12], while D01¢-TizAl single crystals
have strong plastic anisotropy [13] with both critical resolved
shear stresses (CRSS) and tensile elongation differing by more
than an order of magnitude among the different slip sys-
tems [13]. Transmission electron microscopy (TEM) studies
show that dislocations in TiAl tend to align in the screw ori-
entation with frequent pinning [14-18], while the (2c + a) su-
perdislocations decompose into non-planar, climb-dissociated
core structures [19]. These unusual defect structures appear
to be in locked configurations and thus can strongly influence
plastic flow, hardening and fracture behaviour. However, their
origins (intrinsic or extrinsic), mechanisms of formation, and
dependences on temperature and alloy compositions are not
well understood.

Given the importance of the Ti-Al system, extensive mod-
elling works have been carried out to shed light on lattice
defect structures and energetics at atomistic resolutions [10].
Density functional theory (DFT) calculations have been per-
formed to determine the relevant generalized stacking fault
energies (GSFEs), including the superlattice intrinsic stacking
fault (SISF [20-24]), anti-phase boundary (APB [20, 23, 24]),
complex stacking fault (CSF [22-24]) on the {111} slip plane



Figure 1. Unit cells of the (a) L1g y-TiAl and (b) D019 x2-TizAl
crystal structures. The L1 structure is non-cubic with ¢/a # 1.

of 7-TiAl, as well as the SISF [21], APB [25] on the {0001}-
plane, APB [25] on the {1100} slip plane of as-TizAlL
However, substantial discrepancies exist between these first-
principles based GSFEs and values extrapolated from experi-
ments based on partial dislocation separation distances [26].
For example, on the prism (1100); and (1100)y planes in
TizAl, DFT-based APB energies are more than 2 times the
experimental values [25-27]. Moreover, DFT calculations
are computationally expensive and limited to small supercell
sizes of a few thousand valence electrons in routine total en-
ergy/structure optimization calculations. They are also often
performed at 0 K without consideration of entropic effects on
defect properties. First-principles DFT-based molecular dy-
namics (MD) simulations are even more challenging. They
are currently not practical for direct determination of superdis-
location core structures and their temperature-dependent glide
behaviour in the Ti-Al system. More fundamentally, even the
GSFEs on TizAl pyramidal planes have not been quantita-
tively determined at DFT accuracies to the best of our knowl-
edge.

The length-scale and time-scale limitations of DFT calcula-
tions are well recognized across the materials modelling com-
munity. To overcome these limitations, many classical inter-
atomic potentials (IAPs) have been developed specifically for
the TiAl and Ti3Al intermetallic alloys using the embedded-
atom method (EAM [28-30]), the modified embedded-atom
method (MEAM [31-33]) and the bond order potential [34].
Recently, machine learning (ML) IAPs have also been de-
veloped using polynominal invariants to represent neighbour-
ing atomic density (e.g., MLP3 by Seko [35]). However,
these IAPs have limited capabilities in reproducing lattice de-
fect properties in both phases [36]. In particular, the clas-
sical IAPs [29, 33] based on the EAM and MEAM have
considerable deficiencies in reproducing the elastic constants
and SF energies of the L1-TiAl and D0,9-TizAl phases (see
Ref. [36]), while the BOP [34] is fit to TiAl and is less accu-
rate for the Ti3Al phase (e.g., C3OF = 45 GPa vs. CFXP = 64
GPa [34]). Specifically, the EAM potentials [29, 30] and the
MEAM potential [33] do not reproduce the negative Cauchy
pressures (C13 — Cyq and C1o2 — Cgg) as measured from ex-
periments and have unusual, negative SF energies on pyra-
midal planes of the D0yg-Ti3Al structure. The MLP3 shows
some promises in modelling the Ti-Al system. However,
this potential significantly underestimates the surface ener-

gies in both structures (e.g., N\ ryyyy = 0.874 J/m? vs.
11y = 1.667 J/m?) and is unsuitable for modelling
fracture processes in TiAl alloys where brittle cleavage is
commonly observed [37]. Therefore, no accurate IAPs exist
at present for general modellings of lattice and interfacial de-
fects in the technologically important Ti-Al material system.

In this work, we develop a new ML-IAP suitable for mod-
elling all dislocation core structures and cleavage properties
in the L1y-TiAl and DO019-TizAl intermetallic phases. We
employ the moment tensor potential (MTP [38]) framework.
Specifically, the MTP is trained using accurate DFT ener-
gies and forces of a comprehensive set of structural configura-
tions, comprising ground-state structures, ab initio MD snap-
shots, surface structures, solid-solution structures and strained
bulk structures. The resulting MTP exhibits superior accuracy
when compared to all previous IAPs. It reproduces the for-
mation energies/phase diagram within a composition range of
Ti-(25-66)at.% Al where commercial TiAl intermetallic alloys
are based. Furthermore, we compute the relevant y-lines and
~-surfaces in the two phases using DFT for the first time and
show that the MTP accurately reproduces nearly all funda-
mental (i) lattice and elastic properties and their temperature-
dependence; (ii) surface energies; and (iii) vy-lines in both the
L1y-TiAl and D0O49-TizAl structures. Using the new MTP, we
calculate all relevant dislocation core structures and compare
them with extant DFT/BOP/experimental results. In the L1g
structure, all screw and edge dislocations adopt near-planar
dissociations upon structure optimization. In the D0;g struc-
ture, the screw (a) and (2c + a) dislocations have non-planar
dissociations on basal and pyramidal planes, respectively. The
mixed and edge (2c+a) are not stable on the pyramidal planes
and undergo a pyramidal to basal climb-dissociation, largely
consistent with previous TEM observations in elemental HCP
metals. The new MTP opens the path to realistic modelling of
dislocation and fracture behaviour in y-TiAl and ais-Tiz Al

In the following, we first briefly describe the procedure and
datasets for training the MTP, followed by details of DFT
setup in both the MTP training and lattice properties calcu-
lations. Section III presents the properties of the optimized
MTP in comparison with DFT and other available data. We
benchmark and analyze a comprehensive set of bulk lattice
and defect properties, including lattice and elastic constants,
surface energies, y-surfaces and v-lines, as well as all dislo-
cation core structures and dissociations. Section I'V discusses
the overall performance of the MTP and its predicted disloca-
tion cores with respect to previous results, followed by a brief
conclusion of the current work in Section V.

II. COMPUTATIONAL METHODS AND SIMULATION
MODELS

A. Moment tensor potential

The MTP formalism has been extensively discussed in
earlier works [38—40] and successfully applied to a wide
range of systems and problems, including elemental met-
als [38, 40, 41], boron [42], alloys [39], gas-phase reac-



tions [43], cathode coating materials [44] and Li superionic
conductors [45]. Briefly, the MTP describes the local envi-
ronment around each atom in terms of moment tensors M, ,,,
defined as

Mlhl’(ni):qu(‘rij|7ziazj)rij®~.-®I‘ij. (1)
; —
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Here, n; denotes the i atom type, relative position, and all
of its neighboring atoms. z; and z; represent the atomic types
of the i atom and its j™ neighbor, respectively, and rj; is
the position vector of the j™ neighbor to the i atom. z; /i
is an integer from O to n — 1 for a system with n different
types of atoms. The radial part of the atomic environment is
given by the f,, term, and the angular part is encoded by the
outer product (®) of the rj; vectors, which is a tensor of rank
v. The MTP then contracts the moment tensors M, ,, to ba-
sis functions and applies regression to relate energies, forces
and stresses of a material system to the basis functions. In
this work, the energy, force and stress data points are assigned
weights of 100:1:0, similar to previous works [40, 45-48].

In MTPs, two key parameters control the accuracy-
efficiency tradeoff. The cutoff radius r. determines the max-
imum interaction range between atoms, while the maximum
level levyax, an even integer ranging from 2 to 28, controls
the number of parameters in the moment tensors M, , and
thus the model complexity. In this work, a grid search for
an optimal MTP was performed with r. ranging from 4.4 to
7 A with 0.2 A intervals, and levmax from 18 to 24, respec-
tively. For each combination of . and levp,y, five MTPs were
created with random initial states, for a total of 280 MTPs
trained. Among all the MTPs, the MTP with . = 4.8 A
and levn,, = 22 had the lowest mean absolute error (MAE)
of elastic constants of the 6 stable structures at stoichiometic
compositions in the Ti-Al phase diagram.

All training, evaluations and simulations with MTP were
performed using MLIP [38, 39], LAMMPS [49] and the open-
source Materials Machine Learning (maml) Python pack-
age [50].

B. Training structure generation

Classical IAPs are typically fit to a set of lattice and defect
properties from experiments or ab initio calculations. For ex-
ample, the EAM potential [30] was developed with a database
of physical properties consisting of experimental data (lattice
constants, ¢/a ratio, cohesive energy, elastic constants, va-
cancy formation energy etc) and DFT-based equation of states
(EOS) for several crystal structures (FCC, HCP, BCC, SC, di-
amond and L15). The MEAM potential [33] was developed
using a hypothetical B2 as the reference structure and fit to
lattice parameters of the Ti-rich HCP alloy, enthalpy of for-
mation of L1y TiAl and enthalpy of mixing of liquid alloys. In
the classical IAPs, the datasets are mainly centered on several
intermetallic compounds since the number and scope of ad-
justable parameters are limited. On the other hand, ML IAPs
have extensible potential energy expressions to map atomic

structures to energy contributions. ML IAPs are typically fit
to properties from more extensive structures. For example, the
MLP3 was trained based on a dataset (total energies, atomic
forces and stresses) of 150 prototype structures at equilibrium
and randomly distorted configurations [35]. Nonetheless, we
note that the training dataset in MLP3, although extensive,
cover only properties in bulk states; this may be responsible
for its severe underestimates of surface energies.

In the present work, we employed a robust and diverse set
of training structures to develop an accurate MTP for the TiAl
system. Based on our previous experience in the Ni-Mo sys-
tem [46], we used 5 categories of training structures:

1. 33 ground-state polymorph structures in the Ti-Al sys-
tem stored in the Materials Project (MP [51]) database.

2. 2160 configurations from NVT ab initio molecular dy-
namics (AIMD) simulations of the 6 stable structures
at stoichiometic compositions in the Ti-Al phase di-
agram in MP, ie., Ti (P6/mmm, mp-72), xo-TizAl
(P63/mmc, mp-1823), v-TiAl (P4/mmm, mp-1953),
TiAl, (I4y/amd, mp-567705), TiAl; (I4/mmm, mp-
542915) and Al (Fm-3m, mp-134). The AIMD simu-
lations were performed at 300, 1000 and 3000 K with
90%, 100% and 110% of the respective ground-state
volumes. Each AIMD run lasted 10 ps and 40 config-
urations were extracted at a fixed time interval of 0.25

ps.

3. 185 surface structures with Miller indices up to three
from the 6 stable phases at stoichiometic compositions
in the Ti-Al phase diagram in MP and the HCP Ti
(P63/mmc, mp-46). To demonstrate the importance
of explicitly including the surface structures in the
datasets, we develop and compare MTP and MTP-bulk,
which are of the same complexity but trained with and
without the surface structure data.

4. 580 solid-solution alloy structures constructed by par-
tial substitution of Al with Ti in supercells of the bulk
fcc Al (mp-134) and partial substitution of Ti with Al in
the two Ti phases, i.e., bulk hexagonal (P6/mmm, mp-
72) and HCP (P63/mmc, mp-46). Compositions of the
solid solution Al,Ti;_, were generated with x rang-
ing from 12.5 to 87.5 at.% at intervals of 12.5 at.%.
For each substitution scenario, up to 30 structures were
selected from the enumerations of possible orderings
ranked by Ewald energy, and the enumeration was per-
formed with enumlib [52].

5. 840 homogeneously deformed structures constructed
by applying strains within +10% at 1% intervals and
in 6 different modes (exx, €yy, €22, Exy, Eyz, €yz) 0 bulk
supercells of 6 stable phases at stoichiometic compo-
sitions in the Ti-Al phase diagram in MP. To correct
the erroneous low energy of cubic TiAls (Pm-3m, mp-
998981) predicted by the potential, two polymorphs of
TiAlg are included.

Overall, a 90:10 train:test split was selected to the above
data set.



C. DFT calculations for MTP training

DFT calculations were performed using the Vienna ab ini-
tio simulation package (VASP [53, 54]). The exchange-
correlation functional used was the Perdew-Burke-Ernzerhof
(PBE [55]) generalized gradient approximation (GGA). The
outer shell 3p%3d34s! and 3s23p" electrons are treated as va-
lence electrons for Ti and Al, respectively. Core electrons
are replaced using the projector augmented-wave (PAW [56])
pseudopotentials. For structural optimization, spin-polarized
DFT is employed with an energy cutoff of 520 eV and a k-
point density of at least 100/A~3, consistent to the default
setting in the MP [51]. AIMD simulations are used to gen-
erate snapshots/configurations with perturbations and are per-
formed with a single I'" k-point and nonspin-polarized DFT.
After obtaining the perturbed configurations, the forces and
energies are calculated again using spin-polarized DFT and
with the same parameters as that for the rest properties, en-
suring consistency in all the training datasets. In the present
work, the Python Materials Genomics (pymatgen [57]) li-
brary is used for the training structure generation, VASP input
preparation, and VASP post-analysis.

D. DFT Calculation of lattice defect properties

The GSFE ~-surface is defined as

U(S) — UO
A b

where U(s) is the total energy of the system when slip s
occurs on the respective slip planes, Uy is the reference en-
ergy when s = 0 (perfect lattice), and A is the area of
the slip plane in the calculation/system. The ~-surface is
thus the excessive/defect energy due to slip s on the rele-
vant crystallographic plane. In the present work, the GSFE
~-surfaces are calculated using the vacuum-slab method (15
A vacuum spacing) and the ~-lines are calculated using the
tilt-cell method [58—61]. While these calculations were per-
formed previously and DFT parameters are different from that
used in the MTP training above, they yield nearly identical or
similar results in both bulk and defect properties; the calcula-
tions here are mainly for benchmarking/validation of various
potentials and thus do not affect the general conclusion of the
current work. In DFT, core electrons are replaced by PAW
pseudopotentials with 10 (3p®3d34s') and 3 (3523p!) valence
electrons for Ti and Al [54, 56]. The exchange-correlation
is treated using the PW91 GGA functional [62]. We em-
ployed a kinetic energy cutoff of 520 eV for the plane-wave
basis set, and the first-order Methfesel-Paxton smearing [63]
with a smearing width of 0.2 eV and I'-centered Monkhorst-
Pack k-point meshes [64] for the Brillion-zone integration.
The in-plane k-point grid densities are equivalent to at least
12 x 12 x 12 k-points in the L1 unit cell and 10 x 10 x 12
k-points in the D019 unit cell and 1 k-point is used in the out-
of-plane direction.

For the surface energy calculations, a vacuum spacing of
15 A is used. The structure is optimized with all supercell

2)

vectors fixed and all atoms allowed to undergo ionic relax-
ation. For the y-surface, the supercell is constructed with the
slip plane in the z — y plane and the slip plane normal in the
z-direction. The y-surfaces are calculated with ion positions
optimized in the slip-plane-normal direction while the v-lines
are calculated using the tilted supercells with further ionic op-
timization in the two directions perpendicular to the slip direc-
tion and supercell vectors optimized in the slip plane normal
to achieve zero normal stresses. The meta-stable SFs are cal-
culated with all ionic constraints removed. Convergence is
assumed when all ionic forces drop below 10 meV/A.

Other lattice properties and dislocation core structures
are calculated using standard methods in LAMMPS (see
Refs. [65, 66] for details). All atomistic structures are visu-
alized using the Open Visualization Tool (OVITO [67]) and
dislocation cores are illustrated using the differential displace-
ment (DD) map [68]. The details are described in a recent
work [69]. The potential is available at maml [70] and can be
directly used with LAMMPS and MLIP by interested readers.
In addition, the datasets used to train and validate the MTPs
as well as an example script to generate the five categories
of training structures are available in the Supplemental Mate-
rial [71].

III. RESULTS
A. Ti-Al formation energies

Figure 2 shows the formation energies AEP = of stable
phases in the binary Ti-Al system. Here, the formation en-
ergy is defined as

AEP _ Efnn — mETi — nEA1

; 3)

m-+n

where m and n are the numbers of Ti and Al atoms in the
primitive cell of phase P, EF s the energy per chemical for-
mula of phase P, and Erj and Ej; are the energies per atom of
Ti and Al in the HCP and FCC reference structures, respec-
tively. We focus on the xs-TizAl, y-TiAl, TiAl,, and x-TiAls
phases. The classical EAM [30] and MEAM [33] IAPs have
large discrepancies with respect to DFT in the TiAl, and «-
TiAl; phases, while the ML-IAPs have better overall matches.
Only the MTP has successfully identified a stable TiAl, phase
in agreement with DFT, while the TiAl, phase is unstable in
the other 3 IAPs. On the other hand, only the MLP3 correctly
identifies the most stable structure for pure Ti (P6/mmm-w)
and TiAl; (I4/mmm-«) phases. This is not surprising since
the relative energy difference between the polymorph struc-
tures of these two compositions to the respective convex hull
are small according to DFT, i.e. 4 and 25 meV/atom for Ti
and TiAls, respectively. MLP3 and MTP are in general more
accurate, as they are trained with a broad range of structure
prototypes. More importantly, only the MTP reproduces all
the stable phases within the composition range of interest,
i.e., 25at. % Al- 66at.%Al, which make it suitable for atomistic
modelling in the L1y y-TiAl and DOyg oto-Tiz Al structures.
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Figure 2. Formation energies AE?,,, of stable phases in the Ti-Al binary system calculated by interatomic potentials (EAM [30], MEAM [33],
MLP3 [35] and MTP) and DFT. The stable structures predicted by DFT are shown in blue color; the stable structures predicted by interatomic
potentials are shown in red color if they are different. Within the composition range of interest (25at.%Al- 66at.%Al), only the MTP reproduces
all the stable phases in agreement with DFT. See Ref. [72] for the space group nomenclatures.

Figure 3 shows the distributions of discrepancies with re-
spect to DFT in the formation energies of 5 groups of struc-
tures. For all the cases, the two ML-IAPs have overall MAEs
nearly an order of magnitude smaller than the two classi-
cal IAPs. Within the two ML-IAPs, the MLP3 has signifi-
cantly larger MAE for surface structures than the MTP (51
meV/atom vs. 8 meV/atom), while the MTP has a slightly
larger MAE in the polymorph structures (18 meV/atom vs. 13
meV/atom). Overall, both ML-IAPs have better reproducibil-
ity in the formation energies of these structures, indicating
their better transferability in modelling complex structures of
varying local atomic environments.

B. Equation of states

Figure 4 shows the EOS of 4 structures (L1(-TiAl, D0qg-
TizAl, HCP-Ti and FCC-Al) predicted by the IAPs and DFT.
Here, the accuracy is measured by Aggg [73] defined as

f 1. 06V
0. 94V
AEOS

— Ep(V)]2dV
0 12V ’

“)

where E, (V') and Ep(V') are energies per atom at volume V'
computed using models a and b (i.e., IAPs and DFT), respec-
tively, and V/, is the equilibrium volume in DFT. The two clas-
sical IAPs are developed based upon the potentials for pure Ti
and Al, so their accuracies are relatively better in the elemen-
tal structures than in the intermetallic structures. In particular,
they exhibit relatively large discrepancies, in the range of 10-
22 meV/atom, with respect to DFT in the L1-TiAl and D04 -
TizAl structures. On the other hand, the ML-IAPs are trained
based on configurations of multiple solid solution and inter-
metallic structures and thus have smaller deviations from the
respective DFT values. For all four structures, the MTP has
AFEgos < 2 meV/atom, comparable to the A Fgpg between
different pseudopotential implementations of DFT relative to
all-electron calculations [73]. The MTP is thus promising for
simulations of bulk properties under a wide range of volumet-
ric strains and pressures.

C. Lattice constants and elastic constants

Table I shows the OK lattice and elastic constants predicted
by the IAPs and DFT in comparison with experimental values.
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MTP. (b) MLP3 [35]. (c) EAM [30]. (d) MEAM [33]. The MTP has the smallest overall mean absolute error (MAE).

Some discrepancies also exist between DFT and experiments,
e.g., CPIT = 42 GPa vs. C? = 51 GPa in HCP Ti. The
benchmark can thus be carried out with respect to DFT, since
ML potentials are fit to datasets from DFT. Nonetheless, the
general conclusion does not depend on this choice of refer-
ences. Overall, both ML-IAPs have accurate elastic properties
in the intermetallic structures while the classical IAPs have
better accuracies in elemental HCP Ti and FCC Al. For the
MLP3, the largest discrepancies are in HCP Ti (35% and 31%
in C13 and C13), FCC Al (32% and 22% in C11 and C4y4) and
Llo-TiAl (—22%, 20% and 17% in 066, 013 and 012). The
MTP has similar discrepancies in HCP Ti as the MLP3; both
overestimate C5 and C13 by more than 15%. The MTP also
underestimates Cyy of HCP Ti by 33%. In addition, its C4
of the L1y and DO, structures are 23% larger than the exper-
imental values, while the rests are within 15% from the cor-
responding experimental values. On the other hand, the two
classical potentials (EAM [30] and MEAM [33]) have larger
discrepancies exceeding 40% in the two intermetallic phases.

In addition, the MTP reproduces the negative Cauchy pres-
sure C13 — Cyy = —32 GPa of the L1,-TiAl structure, which
is close to the experimental value of —34 GPa [75, 83]. The
MLP3 also exhibits negative C13 — Cyy = —24 GPa. The
negative Cauchy pressure arises from the valence sp electrons
and has been challenging to reproduce by classical IAPs [34].
The ML-IAPs seem to have intrinsic advantages in reproduc-
ing such complex properties. On the other hand, both the MTP
and MLP3 exhibit relatively large discrepancies in the elastic
properties of unary HCP Ti and FCC Al. This is not surpris-
ing since these ML-IAPs are trained extensively on datasets of
the intermetallic structures. In addition, it also suggests that
accuracies in particular properties or phases are not always
guaranteed in ML-IAPs if they are not specifically trained.

Figure 5 shows the lattice constants (a and c¢) of the L1j-
TiAl and DO019-TizAl structures as a function of temperature.
The MTP has accurate lattice parameters for both structures;
the differences are within 0.5% with respect to experimen-
tal and DFT values. The MLP3 has comparable accuracies
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as well. Both IAPs also exhibit normal thermal expansion
throughout the entire temperature range. Above room tem-
perature, the two IAPs have thermal expansion coefficients
that are in agreement with experiment/DFT values. Neverthe-
less, both IAPs have nearly constant coefficients of thermal
expansions o, in contrast to ar — 0 as 7" — 0 K seen in
experiments and DFT calculations. The diminishing of a1 at
low temperatures arises from quantum effects, while MD with
IAPs follow classical mechanics where the vibrational spectra

should only be valid above the Debye temperature [85, 86].
This unphysical behaviour is thus common in nearly all em-
pirical IAPs [65, 69], independent of the training datasets.

Figure 6 shows the elastic constants of the L1y-TiAl and
DO0,9-TizAl structures as a function of temperature. For both
ML-IAPs, all elastic constants decrease gradually with in-
creasing temperatures. The largest discrepancies lie in the
values of C'15 of the L1y-TiAl and D044-Ti3Al structures. The
large discrepancies are also present at 0 K and are thus likely



Table I. Lattice constants ag and cg (A) and elastic constants C;; (GPa) of FCC Al, HCP Ti, L1y «-TiAl and D019 a2-TizAl calculated by
4 potentials and DFT at O K. The experimental elastic constants of Al and Ti are based on measurements at 4 K [74]. The elastic constants
of TiAl are measurements of a y-Ti-56at.%Al alloy extrapolated to 0 K [75]. The percentage errors with respect to experimental values are
shown in the parenthesis and errors exceeding +15% are highlighted in bold font.

Structure Property Experiment DFT

MTP

MLP3[35] EAM[30] MEAM [33]

ao 3.988[75] 3.996 (0.2%) [76] 3.993 (0.1%) 3.977 (—0.3%) 3.998 (0.2%) 4.018 (0.8%)
o 4.067[75] 4.076 (0.2%) [76] 4.075 (0.2%) 4.080 (0.3%) 4.187 (2.9%) 4.099(0.8%)
Cn 187 [75] 164 (—12%) [77] 175 (—6%) 167 (—=11%) 197 (5%) 181 (—3%)
o 75 [75] 86 (15%) [77] 92 (23%) 88 (17%) 107 (43%) 76 (1%)
L1, TiAl Cis 75 [75] 81 (8%) [77] 82 (9%) 90 (20%) 114 (52%) 134 (719%)
Css 183 [75] 179 (=2%) [77] 165 (—10%) 176 (—4%) 213 (16%) 234 (28%)
Cu 109 [75] 110 (1%) [77] 114 (5%) 114 (5%) 92 (—16%) 86 (—21%)
Ces 81[75] 73 (=10%) [77] 70 (—14%) 63 (=22%) 85 (5%) 62 (—23%)
Cia — Ces —6 13 25 22 14
Ci3 — Cus —34 -29 -32 —24 22 48
ao 5771781  5.76 (—0.2%) [76] 5.762 (—0.1%) 5.729 (—0.7%) 5.784 (0.2%) 5.805 (0.6%)
o 4.62[78]  4.66 (0.9%) [76]  4.644 (0.5%) 4.644 (0.5%) 4.750 (2.8%) 4.655 (—0.7%)
Ci1 183 [79] 192 (5%) [76] 193 (6%) 196 (7%) 199 (9%) 201 (10%)
Cha 89 [79] 81 (—9%) [76] 110 23%) 99 (11%) 89 (0%) 108 (21%)
DO Tl C13 63 [79] 63 (0%) [76] 70 (12%) 71 (13%) 74 17%) 91 (45%)
19 288 Cgg 225 [79] 233(4%) [76] 236 (5%) 231 3%) 224 (0%) 239 (6%)
Cua 64 [79] 62 (—3%) [76] 59 (—8%) 63 (—2%) 51 (—20%) 46 (—29%)
Cése 47 [79] 56 (19%) [76] 42 (—11%) 48 2%) 55 (17%) 46 (—1%)
Cha — Ces 42 25 51 34 62
Ciz3 —Cua —1 1 8 23 46
ao 4.046 [80]  4.039 (—0.2%) [51] 4.042 (—0.1%) 4.041 (—0.1%) 4.050 (0.1%) 4.045 (0%)
rocal | On 107 [74] 111 (4%) [81] 116 (8%) 141 (32%) 120 (12%) 120 (12%)
C12 61 [74] 58 (—5%) [81] 59 (—4%) 61 (—1%) 58 (—=5%) 58 (—5%)
Cus 28 [74] 31 (11%) [81] 28 (0%) 34 (22%) 20(—5%)  28(0%)
ao 2.947[82] 2.934 (—0.4%) [51] 2.945 (—0.1%) 2.949 (0.2%) 2.953 (0.2%) 2.954 (—0.1%)
o 4.674[82] 4.657 (—0.4%) [51] 4.605 (—1.5%) 4.567 (—2.3%) 4.681 (0.1%) 4.687 (0.3%)
Cn 176 [74] 177 (1%) [51] 186 (6%) 175 (=1%) 171 (=3%) 170 (—3%)
HCPTi  Cis 87 [74] 83 (—5%) [51] 116 (33%) 114 31%)  84(—3%) 80 (—8%)
Chs 68 [74] 76 (12%) [51] 82 (21%) 92 (35%) 77 (13%) 75 (10%)
Css 191 [74] 191 (0%) [51] 182 (—=5%) 222 (16%) 190 (—1%) 187 (—2%)
Cua 51[74] 42 (—18%) [51]1  34(=33%) 58 (14%) 53 (4%) 42 (—18%)

inherited from the datasets generated in DFT calculations; it is
not uncommon to have discrepancies exceeding 15% in elas-
tic constants prediction by DFT with respect to experiments
(see Table I). Nonetheless, the MTP has much improved over-
all accuracy in reproducing the elastic constants of both inter-
metallic structures relative to all other IAPs.

D. Surface energies

Table II shows the surface energies g, calculated by the
IAPs in comparison with that by DFT. We focus on the low
index, non-polar planes (Fig. 7). In the L1 structure, the
{111} and {100} planes are terminated by a combination of
Ti and Al atoms at equal atomic composition. The MTP has

its 7{111} within 2% from the DFT value, while the MLP3

surf
substantially underestimates fy;{ulrfll} by 48%. The MTP-bulk,
trained without surface structure data, underestimates this sur-
face energy by 7%, while both classical IAPs underestimate

this surface energy by 28% and 11%, respectively. For the
100} plane, the MTP overestimates {100} by 7%, in com-
p Wsurf y
parison with the —19%, —67%, —27% and 17% of the MTP-

bulk, MLP3, EAM and MEAM potentials, respectively.

In the D049 TizAl structure, the IAPs have similar accuracy
trends as that in the L1 structure. The MTP has accurate gyt

in all the surfaces examined; its largest discrepancy is —8%

in *yju??m} on the basal plane. In contrast, the MTP-bulk un-

derestimates the gt by 18 to 28%. The MLP3 severely un-
derestimates 7g,s by roughly 2/3 with respect to DFT values
on nearly all the surfaces. The classical EAM potential [30]
also underestimates syt by ~1/4, while the MEAM poten-
tial [33] accurately reproduces ~yq,s With its largest discrep-
ancy at 13%. Furthermore, the general trends in g, are
also seen in the elemental structures of HCP Ti and FCC Al,
the MTP accurately reproduces all the v, and the MLP3
underestimates all the vg,r. In addition, the overall relative
accuracy, as measured by the mean percentage error for n
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planes defined as |A7’y£§r1:|: 1/n 320 AP — APET] /APFT fol-

lows the same trends among the different phases in all the

IAPs. Overall, the MTP-bulk has 10-30% higher [A7.oy| in
the 4 structures than the MTP, which highlights the impor-
tance of explicit inclusion of surface structures in the training
data of ML-IAPs. It is very likely that the surface properties
of the MLP3 will be substantially improved if it were trained
with explicit surface structure data.

Figure 8 shows the surface decohesion-separation energy
and stress curves of the {111}-plane in TiAl and {0001}-
plane in Ti3Al. The MTP accurately reproduces the smooth
energy variations during surface decohesion. It also has an ac-
curate decohesion stress of 25 GPa, which is close to the DFT
value of 22 GPa in both cases. At large planar separations
Ad € [1,5] A, the MLP3 has unphysical behaviour where the
decohesion energies do not monotonically increase and ap-
proach 2. Such behaviour is not uncommon in ML-IAPs
when the surface decohesion information is not included in the
potential training dataset; this again demonstrates the transfer-
ability of ML-IAPs are not always guaranteed automatically.
The surface decohesion behaviour of the classical IAPs have
been studied earlier; the EAM potential underestimates gt
and the decohesion stress, while the MEAM exhibits discon-
tinuity in the energy variation and spurious decohesion stress
(see Ref. [36]). The MTP is thus the only IAP capable of
modelling cleavage processes in the Ti-Al system.

E. Generalized stacking fault energy

We further examine the GSFE ~-surfaces in the two struc-
tures. Figure 9 shows the ~-surface of the {111} plane in
the L1y y-TiAl structure. The MTP reproduces the entire
v-surface in agreement with DFT calculations, so does the
MLP3. However, the classical IAPs show both quantitative
and qualitative discrepancies from the ~y-surface calculated by
DFT. In particular, the EAM potential [30] substantially un-
derestimates the overall v-surface while the MEAM poten-
tial [33] has a different energy profile from the rest. We note
that the MEAM potential and the MTP have relatively short
cutoff radii of 7. =5.0 A and 4.8 A while the EAM and MLP3
have r. = 6.7 A and 8.0 A; the latter two IAPs have the best
qualitative match in terms of the general profile of the {111}-
plane y-surface, suggesting the importance of appropriate in-
teratomic cutoff radius in reproducing defect properties.

On the {111}-plane v-surface, three SFs are relevant for
dislocation core dissociations and structures. The CSF gov-
erns the ordinary (110]/2 dislocation while the SISF and APB
control the (101] and (112]/2 superdislocations (detailed be-
low). Figure 9g shows the v-lines of all the models along the
(112] direction, which passes through the APB and CSF. The
MTP and MLP3 reproduce the APB and CSF energies within
10% from the DFT values, while the two classical IAPs sub-
stantially underestimate both the APB and CSF energies (Ta-
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ble III). DFT predicts that the APB is unstable in the (112)
direction; the two ML-IAPs exhibit a similar feature with a
very shallow local energy minimum at the APB position, in
contrast to the deep meta-stable APB energies of the two clas-
sical TAPs. In addition, the MEAM potential [33] has a neg-

ative SISF energy of —77 mJ/m2, while both the MTP and
MLP3 overestimate the SISF energy. The negative SISF en-
ergy in the MEAM potential suggests that the L1y phase may
be unstable against some other phases not examined in Fig. 2.
Table III also shows various SF energies calculated previously
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Table II. Surface energies owr (J/m?) predicted by 5 interatomic potentials and DFT. The MTP and MTP-bulk have the same model
complexity, but are trained with and without the surface structures (see Section IIB). The percentage errors with respect to DFT val-
ues are shown in the parenthesis and errors exceeding £15% are highlighted in bold font.

——IAP

‘A’ysurf|: 1/TL Z? |’7iIAP

— /AP,

crystallographic planes of the respective surfaces.

The mean percentage error is defined as

where the summation is carried out over all the low index planes examined. See Fig. 7 for the

Structure Surface ~ DFT MTP MTP-bulk  MLP3 [35] EAM [30]  MEAM [33]
LAl U1 1,667 1.632 (—2%) 1545 (—7%) 0874 (—48%)  1.193 (—28%) 1.481 (—11%)
0 {100} 1.643 1755 (%) 1324 (—=19%) 0.537 (—67%)  1.206 (—27%) 1.929 (17%)
Ay 5% 13% 58% 28% 14%

{0001} 1.958 1.804 (—8%) 1.410(—28%) 0.615(—69%)  1.258 (—36%) 1.887 (—4%)
{1700} wicer 1.940 1.890 (—3%) 1518 (—22%) 0.810 (—58%)  1.419 (=27%) 1.797 (—7%)
{1100} wicen 1.989 1.924 (—3%) 1.553 (—22%) 0.534 (—73%)  1.428 (—28%) 2.030 (2%)
D019 TisAl {1100 }nurow 2.354 2.323 (—1%) 1.885(—20%) 1.191 (—49%)  1.828 (—22%) 2.534 (8%)
{2101 wice 1912 1.925(1%)  1.539 (—20%) 0.621 (—68%)  1.444 (—24%) 2.160 (13%)
{1121} 2128 2152 (1%)  1.740 (—18%) 1.026 (—52%)  1.638 (—23%) 2.218 (4%)
|Ay 3% 22% 62% 27% 6%
{0001 }paear 1.968 1.716 (—13%) 1.350 (—31%) —0.034 (—102%) 1.275 (—35%) 2.151 (9%)
{1010} pis1  1.993 1.971(=1%) 1.661 (—17%) 0.082 (—96%)  1.507 (—24%) 2.369 (19%)
Ti {1100} prisn 2483 2.328 (—6%) 2.003 (—19%) 0.540 (~78%)  1.865 (—25%) 2.471 (0%)
{1011} pyrar 1973 1979 (0%)  1.674 (—15%) 0.170 (—91%)  1.544 (—22%) 2.438 (24%)
{1122}y 1.967 2.000 2%) 1705 (—13%) 0.230 (—88%)  1.579 (—20%) 2.423 (23%)
Ay 4% 19% 91% 25% 15%
{111} 0.834 0.717 (—14%) 0.479 (—43%) 0.601 (—28%)  0.596 (—29%) 0.626 (—25%)
Al {110} 0.982 0.907 (—8%) 0.581 (—41%) 0.898 (—8%)  0.787 (—~20%) 0.919 (—6%)
{100} 0.933 0.838 (—10%) 0.561 (—40%) 0.756 (—19%)  0.605 (—35%) 0.847 (—9%)
7’}/. 11% o o o 13%
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Figure 8. Separation-cohesion relation during surface decohesion along two atomic planes predicted by 4 interatomic potentials and DFT. (a)
{111} plane in the L1 y-TiAl (b) {0001} plane in the D019 cv2-TizAl. The solid and dashed lines are the decohesion energies and stresses,
respectively. The MTP matches well with DFT calculations [87] and is much more accurate than the MLP3 [35], EAM [30] and MEAM [33]

IAPs.

by first-principles methods; considerable discrepancies exist
among these data. However, all calculations show the same
trend of SF energy ordering in the L1y TiAl structure, i.e.,
sisF < Yesk < vaps- This ordering is also reproduced by the
two ML-IAPs.

The D0;g TizAl phase is complex as it has multiple slip
systems on different crystallographic planes (Fig. 1). The
~-surfaces of the D09 structure have not been calculated at

DFT accuracies previously; such calculations require large su-
percells and thus considerable computing resources. In the
present work, we have computed the ~y-surfaces on the basal
and prism slip planes and all the relevant v-lines on the basal,
prism, pyramidal I and II planes using DFT. With these DFT
results, quantitative comparisons are made among the various
IAPs.

Figures 10 and 11 show the vy-surface and ~-line in the
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Table III. Stacking fault energies st (mJ/m?) predicted by 4 interatomic potentials and DFT. In L1o-TiAl, the APB is unstable in DFT and the
reported value is taken at slip s, = 0.5[110],s, = 0.55[112] (Fig. 9). The percentage errors are calculated with respect to the DFT values
obtained in this work and are shown in the parenthesis. Errors exceeding £15% are highlighted in bold font.

Structure  Plane Stacking fault DFT

MTP MLP3 [35]

EAM [30]

MEAM [33]

L1o-TiAl {111}

{0001}
D01o-TisAl

{1700}

{2201}

{1121}

SISF 182, 123 [88], 90 [9], 160 [89],
133 [21], 178 [24], 177 [87], 194 [35]

APB 600, 672 [88], 560 [9], 610 [89],
641 [24], 603 [87], 681 [35]

CSF 356, 294 [88], 410 [9], 372 [89],
352 [24], 371 [87], 388 [35]

SISF 93, 117 [21]
APB 256, 257 [25]
CSF 320
APB narrow 82
APB Wide I 464
APB wide II 82
APB Wide 230

APB 263

322 (T7%) 242 (33%)
611 (1.8%) 592 (—1.3%)
372 (4.5%) 393 (10%)
84 (—10%) 100 (8%)
213 (—=17%) 320 (25%)
309 (—3%) 255 (—20%)
84 (2.4%) 238 (190%)
487 (5%) 538 (16%)

84 (2.4%) 238 (190%)

220 (—4%) 399 (73%)

57 (—69%) —77 (—142%)

213 (—65%)
261 (~27%)
4 (—96%)
93 (—64%)
96 (—70%)
49 (—40%)
181 (—61%)
49 (—40%)

128 (—44%)

146 (—76%)
94 (—74%)
225 (142%)

163 (—36%)

323 (1%)
182 (122%)

173 (—63%)

182 (122%)

184 (—20%)

243 (—8%) 395 (50%) —125 (—148%) —12 (—105%)




[1010] direction on the basal plane. The MTP reproduces
the general y-surface profile in agreement with DFT. In par-
ticular, it has the SISF, APB and CSF energies close to the
DFT values (Table III). The MLP3 also has relatively accu-
rate SF energies on the basal plane; it overestimates the APB
energy by 25% and underestimates the CSF energy by 20%.
In addition, the MTP also reproduces the unstable SF ener-
gies s at slips s = 0.1(1100) and s = 0.56(1100). These
unstable SFs govern the dislocation nucleation barriers on the
basal plane. On the other hand, the EAM potential substan-
tially underestimates all SF energies and has nearly zero SISF
energy at slip s = 0.67(1100), which will lead to an unre-
alistically large partial dislocation separation on the {0001}
plane. The MEAM potential overestimates the SISF energy
by 142% and underestimates the APB energy by 36%. While
the MTP and MLP3 overestimate the unstable SF energy at
slips s = 0.33(1100) and s = 0.83(1100), these SFs do not
lie along the slip path on the basal plane and thus do not con-
trol plastic slip (Fig. 10). Among all the IAPs, the MTP has
the best agreement with DFT on the basal plane.

On the {1100} prism plane, three slip planes exist depend-
ing on their interplanar distance and site occupancy (Fig. 7c-
d). Slip can occur along (i) the narrow plane between two
narrowly-spaced atom layers of Ti, and both Ti and Al; (ii)
the wide I plane between two widely-spaced atom layers of
both Ti and Al and (iii) the wide II plane between two widely-
spaced atom layers of Ti only (Fig. 7). Figure 12 shows the
~y-surface and y-line in the [1120] direction on the prism plane.
On the narrow plane, the two ML-IAPs and the MEAM TAP
are able to reproduce the general y-line profile. The MTP has
an accurate APB energy deviating only 2.4% from the DFT
value, while the MLP3 and the MEAM IAP overestimate the
APB energy by 190% and 122%, respectively (Table III). The
EAM IAP substantially underestimates the entire y-line; both
its unstable SF energy and yapp are only ~50% of the DFT
values.

On the prism wide I plane (Fig. 12j), the EAM IAP again
substantially underestimates the ~y-line. Both the EAM and
MEAM IAPs underestimate the APB energies by 60% rela-
tive to the DFT value. The two ML-IAPs reproduce the gen-
eral v-line profile. In particular, the MTP has its APB en-
ergy differing by 5% from the DFT value, while the MLP3
overestimates the APB energy by 16%. On the prism wide
II plane (Fig. 12k), the MEAM IAP overestimates the entire
~-line with its APB energy 122% higher than the DFT value,
while the MLP3 overestimates the APB energy by 190%. The
MTP has an APB energy nearly identical to the DFT value
and an unstable SF energy at 20% lower than the DFT value.
We note that the APB on the narrow plane and wide II plane
have the same atom configuration and thus an identical APB
energy in all models. Among all the IAPs, the MTP again
has the best overall y-lines on the prism slip planes in agree-
ment with DFT. Comparing the -lines on all 3 prism planes
(Fig.12j-1), the wide II plane, separating 2 Ti-atom planes, has
the lowest unstable and stable stacking faults and is expected
to be the easy-slip plane on the prism (a) slip system in D0;o-
TisAL

Figure 13 shows the ~y-surface and v-line in the (2¢ + a)
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-[1126] direction on the {2201} pyramidal I plane. The pyra-
midal planes are important since plastic strain in the crystallo-
graphic (c) direction is accommodated by slips in the (1126)
direction via the (2c + a) dislocations. The EAM and MEAM
IAPs have similar ~y-surface profiles (Fig. 13b-c); the EAM
IAP exhibits much lower y-surface and ~-line (Fig. 13f), as it
does on other planes. The MTP and MLP3 IAPs have similar
~-surfaces (Fig. 13d-e); their y-surfaces are distinctly differ-
ent from that of the two classical IAPs. The MTP has an APB
energy of 220 mJ/m?, similar to the DFT value of 230 mJ/m?,
while the MLP3 overestimates the APB energy by 73%. Fur-
thermore, the MTP captures the various meta-stable and un-
stable SF energies along the (2c + a) slip direction in agree-
ment with DFT (Fig. 13f). The MTP is thus the only IAP able
to accurately reproduce the entire 7-line on the pyramidal I
plane. In addition, the MEAM, MLP3, MTP and DFT have
metastable SF at s ~ 0.25 (2¢ + a) and s =~ 0.75 (2c + a)
, which suggest further (2c + a) dislocation dissociations on
the pyramidal I plane, as shown in Section III F below.

Figure 14 shows the ~y-surface and ~-line in the (2c + a)
-[1126] direction on the {1121} pyramidal II plane. On this
plane, the ~y-surface is not entire smooth in the MEAM IAP,
which is related to the unsmooth energy at the potential cutoff
distance. Both the EAM and MEAM IAPs underestimate the
~-line when compared to DFT (Fig. 14f). These two classi-
cal IAPs also have negative APB energy, in contrast to DFT
~Yapp = 263 mJ/ m? (Table IIT). The MEAM IAP has negative
SF energies at slip s &~ 0.25(2c + a) and s =~ 0.75(2c + a)
, in stark contrast to the high SF energies above 800 mJ/m?
predicted by DFT. The two classical IAPs are thus not ap-
propriate for modelling the (2c + a) dislocations in the D019
TizAl structure. On the other hand, both the MLP3 and MTP
have similar ~y-surface profile and ~-line along the (2c + a)
slip direction. Their v-lines follow closely with that by DFT;
they capture nearly all unstable and meta-stable SF energies.
At the APB point, the MTP has an APB energy of 243 mJ/m?,
similar to the DFT value of 263 mJ/m2, while the MLP3 over-
estimates the APB energy by 50%. The present MTP thus
again clearly outperforms previous IAPs in modelling slip be-
haviour on the pyramidal II plane of the D99-Ti3Al inter-
metallic structure.

Overall, the above comparisons suggest that the two classi-
cal IAPs can not reproduce the vy-surfaces and ~y-lines in the
complex L1y ~-TiAl and D019 ao-TizAl intermetallic struc-
tures. The two ML-IAPs share many similar features and
have relatively good accuracies when compared to DFT, even
though the y-surface structures are not included in the poten-
tial training datasets. In particular, the MTP accurately repro-
duces nearly all the y-surfaces and SF energies in agreement
with DFT. Given its accuracy on the basic lattice properties
and defect energetics, the MTP is appropriate for modelling
dislocation and cleavage phenomena in both structures, en-
abling a wide range of studies to be performed for the first
time in the Ti-Al alloy system. Such studies include dislo-
cation dissociation and glide, lattice friction, cross-slip, inter-
face structures and migration, as well as their temperature-
dependent behaviour. As a further demonstration of the cur-
rent MTP, we provide a preliminary study on the dislocation
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Figure 11. Generalized stacking fault energy line along the (1010)
direction on the {0001} plane in the D019 o2-TizAl structure (see
Fig. 10).

core structures in both phases below.

F. Dislocation Core Structures

Figure 15 shows the core structures of the ordinary (a)
dislocation on the {111} slip plane in the y-TiAl structure
(Fig. 9a). Both the edge and screw cores dissociate into two
partials with a CSF in between, i.e.,

—_

- 1 1, -
= (110]1111y = = (211] + CSFyyq1) + 6(121].

2 6 )

with most DFT values (Table III). For the current planar dis-
sociated core in MTP, the partial separation is 1.65a, which
is narrower than that in many elemental FCC metals. The
narrow core facilitates the cross-slip and double-cross-slip of
the screw segments, leading to frequent jog formations and
consistent with a TEM study where the screw dislocation is
frequently pinned [15]. Comparisons among all the models
suggest that the screw core dissociation is sensitive to the CSF
energy, which in turn can be altered by temperature and alloy-
ing. The screw core behaviour will thus require further study.

Figure 16 shows the core structure of the (101] super dislo-
cations (Fig. 9a). This super dislocation again adopts a planar
dissociation into 4 partials as

1 - 1

1 - 1
(6)

For the edge core, the partial separations connecting the SISF
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Figure 15. The core structures of the (110]/2-(a) ordinary dislocation on the {111} plane in the L1o y-TiAl structure. (a-b) Edge dislocation.
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green-FCC, blue-HCP, red-BCC, white-others. In (b,d) the cores are visualized by the differential displacement (DD) map [68]. The same

coloring scheme and DD map are used in subsequent figures.

and APB are particularly wide (16.77a and 9.47a), while that
connecting the CSF is quite narrow (2.92a). It is thus possible
that the edge core may appear to dissociate into 3 partials in
experiments [14]. On the other hand, the screw core is much
narrower, with the SISF, APB and CSF width at 2.88a, 1.86a
and 2.30a, respectively. The screw core may thus appear to
dissociate into 2 partials, as reported in a TEM study [93].

Figure 17 shows the core structure of the (112]/2 super dis-
location on the {111} slip plane (Fig. 9a). The super disloca-
tion dissociates into a pair of superpartials as

1, = 1, = 1. -

The SISF has a width of 6.24a and 4.93a for the edge and
screw dislocations, respectively. The superpartials have differ-
ent Burgers vectors and thus different superpartial core struc-
tures. These different cores indicate directionality in the glide

1.~
behaviour of this superdislocation. In addition, the 3[112]

partial core exhibits a tendency of nonplanar dissociation in
the edge orientation, which suggests high lattice frictions of
the edge segment. The nonplanar dissociation may facilitate
further dissociations onto multiple {111} planes as suggested
from experimental observation [94].

In the D019 TizAl intermetallic structure, plastic deforma-
tion are primarily carried out by the (a) dislocations on the
basal and prism planes and by the (2c + a) dislocations on the
pyramidal I and II planes. Figure 18 shows the core structures
of the edge (1120]/3-(a) dislocation in the D019 ox2-TizAl
structure. On the basal plane, the edge core dissociates into a
pair of superpartials separated by an APB of width 6.04a; the
superpartials further dissociate into Shockley partials with a
wide CSF of width 2.51a. The total decomposition reaction is

1 - 1 - 1 _
Edge §<1120>basal = 6<1010> + CSFpasal + 6<0110>
)]
1 _ 1 _
+ APBpasal + 6<1010> + CSFpasal + 6<0110>

The (a) dislocation may thus appear as 4 partials (i.e., 2 super
Shockleys) in TEM observations [95]. Furthermore, all the
partial cores are resolved between two close-packed {0001}
atom-planes and have planar dissociations, as seen in the DD
map (Fig. 18b). The edge (a) is thus expected to have rela-
tively low lattice frictions.

On the prism wide II plane (Fig. 7c-d), the edge core disso-
ciates into a pair of superpartials separated by a wide APB of
10.12a on the prism plane; the individual superpartials further
dissociate into a pair of partials with a narrow SISF of 1.88a
in between, which is similar to that in HCP Ti. The narrow
superpartial core is consistent with the high SF energy on this
slip plane (Fig. 12k). The total decomposition reaction is

1, = 1, - . 1
Edge §<1120>§;;1;HP = 5 {112X) + SISFpien + 75 (112X)

+ APBYe 4 %(112)@ + SISFyen + %mé)‘q

©))
where X accounts for some possible components in the crys-
tallographic (c) direction as suggested by the vy-surfaces of
this plane (Fig. 12d-f). Compared to the dissociation on the
close-packed basal plane (Fig. 18a-b), the Burgers vector of
the superpartials is resolved through DD on 4 {1010} atom-
planes on this prism plane. Glide of the edge (a) dislocations
may thus require higher stresses relative to that on the planar
dissociated basal plane. Furthermore, given the narrow super-
partial cores, the (a) core may thus appear to decompose into
two superpartials in TEM study [96].

Figure 19 shows the core structures of the screw (1120]/3-
(a) superdislocation in the D019 oto-TizAl structure. On the
basal plane, the screw core dissociates into a pair of super-
partials separated by an APB of width 6.47a on the basal
plane; the superpartials further dissociate into Shockley par-
tials, which spontaneously cross-slip to and dissociate into
partials on the prism wide II plane. The screw (a) core thus
has a non-coplanar structure with an APB on the basal plane
and superpartial cores along the prism plane. The total de-
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Figure 17. The core structures of the (112]/2 superdislocation on the {111} plane in the L1 y-TiAl structure. (a-b) Edge dislocation core
visualized by CNA and DD map. (c-d) Screw dislocation core visualized by CNA and DD map. See Fig. 15 for interpretations of colors.

composition reaction is

1, 4 1
112X) + SISEYidell L~ 119X
2

1 _
Screw §<1120>basa1 =

E prism 1
1, - . 1
+ APBpaga + 75 (112X) + SISFpien + 5 (112X)
(10)

Dissociation of the superpartials of the basal (a) onto the
prism plane is not surprising, given their pure screw charac-
ter. However, the SISF energy on the prism plane appears
to be 25% higher than the CSF energy on the basal plane,
which suggests further multi-layer atomic relaxation in the
SISF on the prism wide II plane. This non-coplanar disso-
ciated screw core is also reported previously using a Finnis-

Sinclair IAP [97]; this dissociation is expected to have very
high lattice friction, consistent with experimental observations
of straight segments of the (a) dislocation in the screw orien-
tation [27]. The non-glide of the screw segments makes basal
(a) slip difficult in the oo-TizAl structure as observed in ex-
periments [13], even though the basal plane has relatively low
GSFE and thus favourable slip conditions (Fig. 10).

On the prism wide II plane, the screw (a) core dissociates
into a pair of superpartials separated by an APBI‘i’rigan of width
10.89a (Fig. 19c-d); each superpartial further dissociates into
a pair of narrowly-separated Shockley partials. The superpar-

tials have core structures similar to that of the screw (a) in
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Figure 19. The core structures of the screw (1120]/3-(a) superdislocation in the D019 c2-TizAl structure. (a-b) On the {0001} basal plane
visualized by CNA and DD map. (c-d) On the {1010} prism wide II plane visualized by CNA and DD map. See Fig. 15 for interpretations of
colors.

HCP Ti [98]. The total decomposition reaction is cations have a relatively low lattice friction on the prism plane
1 1 1 o than on the basal plane. The prism wide II plane also has
Serew = ~(1120) et = D —(112X) 4 SISFpiet' + — 5 (112X)  a relative low energy ~-lines in the (a) direction (Fig. 12k).
1 1 Therefore, the prism wide II plane is expected to be the pri-

+ APBYell L — <112X> + SISFYidell | + 51 12X). mary slip plane for (a) slip in a»-Ti3 Al

prism 12 prism
an Figure 20 shows the core structures of the mixed and edge
The co-planar dissociation suggests the super screw (a) dislo- (2c+a) dislocations dissociated on pyramidal I and II planes,



20

Z

Figure 20. The core structures of the mixed and edge (2c + a) superdislocation in the D019 a2-TizAl structure. (a) Mixed (2c + a) on
pyramidal I plane visualized by CNA. (b) Edge (2c + a) on pyramidal II plane visualized by CNA. In (a), the left superpartial of the mixed
(2c + a) has a climb-dissociated core configuration along the basal plane. See Fig. 15 for interpretations of colors.

respectively. On the pyramidal I plane, the dislocation first
dissociates into two superpartials separated by an APB; the
two superpartials further dissociate into a pair of partial dis-
locations and separated by a CSF in between, consistent with
the pyramidal I plane -surface (Fig. 13). The total decompo-
sition is can be approximately expressed as

Mixed%(ll%) = Y (1126) + CSFppey + (é —Y)(1126)
+ APBY®, + Z(1126) + CSF25eey + (é — 7)(1126)
12)
where Y and Z can not be determined based on crystal sym-
metry and thus depend on the profiles of the pyramidal I plane
v-surface. Furthermore, the individual superpartial Burgers
vectors may have some small components perpendicular to
the (2c + a) direction, since the meta-stable CSF positions
are not along the (2c + a) path. The exact Burgers vectors
are determined by minimizing the sum of the CSF energy,
near-core energy and the elastic energy [61]. The individual
superpartials have core structures similar to the {c + a) dis-
locations in elemental HCP metals such as Mg and Ti (c.f,,
Fig 20b and Fig. 4 of Ref. [99]). More importantly, the super-
partials are not stable and undergo a pyramidal to basal (PB)
climb-dissociation, (e.g., the left super partial in Fig. 20a),
again similar to that in Mg or Ti. The climb dissociated super-
partials are sessile, as the the stacking fault is in the non-glide
basal plane.

On the pyramidal II plane, the edge (2c+a) dislocation dis-
sociates into a pair of superpartials with an APB in between.
The individual superpartials further dissociate into two partial
dislocations, similar to that on the pyramidal I plane. All par-
tial dislocations are of pure edge character, since all CSF and
APB lie along the (2¢ + a) path. The total decomposition can
be written as

1, _ 1 _
5 (1126)py 1 = Y'(1126) + CSFpyemi + (5 — ¥)(1126)
_ 1 _

+ APBpy 1 + Z(1126) + CSF2pyr 1t + (5 — Z)(1126)

13)
The core structures of the two superpartials are again similar

to that in Mg and Ti, and are thus susceptible to the PB tran-
sition.

Figure 21 shows the core structures of the screw (2c + a)
dislocations dissociated on pyramidal I and II planes. The
dissociations are largely similar to that of the mixed and edge
(2c+a); the dislocation has a pair of superpartials with a wide
APB of 6.22a and 4.89a on the pyramidal I or II slip plane
and the superpartials further dissociate into two partials with
a core structure similar to that in elemental Mg and Ti (c.f.
Fig. 21 and Fig. 3 of Ref. [100]). All partials are of nearly
screw character. The total decomposition can be written as

_ _ 1 _
(1126)pyr. yax = ¥ (1126) + CSFpye. g + (i — ¥)(1126)

Wl =

+ APByys yn + Z{1126) + CSF2pye i + (1 — 2)(1126)
(14)
Nonetheless, the screw (2c + a) dissociation is unique as
the two superpartials always lie on different pyramidal planes,
regardless of the APB plane. The nonplanar dissociation is
governed by the competition of the 4 CSFs on the pyramidal
I and II planes (c.f. Fig. 13f and Fig. 14f). This competi-
tion is delicate; the MLP3 overestimates the CSFs by 5-10%
and the classical IAPs are qualitatively different v-lines, while
only the MTP has the respective CSFs in agreement with DFT.
Since the MTP has accurate CSF energies, the surprising dis-
sociation may thus be intrinsic in the D0;g9-TizAl structure.

IV. DISCUSSION

The above comprehensive benchmarks show that the cur-
rent machine-learning (ML) MTP reproduces both the bulk
and defect properties of the L1y and D0O;g phases largely in
agreement with experiments and/or DFT. The MTP has ex-
ceptional accuracies in many properties relevant to plastic de-
formation in both the L1y and D09 phases. In particular,
the MTP quantitatively reproduces nearly all the y-lines from
DFT, even though none of the stacking fault structures is ex-
plicitly contained in the training datasets. The MLP3 also ex-
hibits ~-line profiles qualitatively similar to that of the MTP
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Figure 21. The core structures of the screw (2c + a) super dislocation in the D019 a2-TizAl structure. (a) Screw (2c + a) on the Pyramidal I
plane visualized by CNA. (b-c) Core structures of the two superpartials in (a) visualized by DD map. (d) Screw (2c + a) on the Pyramidal I
plane visualized by CNA. (e-f) Core structures of the two superpartials in (d) visualized by DD map. See Fig. 15 for interpretations of colors.

and DFT, despite using a different ML framework. This sug-
gests some transferability and robustness of ML approaches in
developing IAPs in the TiAl system. Both ML-IAPs are gen-
erally more accurate in describing the alloy properties than the
IAPs based on semi-empirical classical approaches. The clas-
sical IAPs also have serious shortcomings in describing the
GSFEs in the D019 phase. Apart from the differences in the
IAP formalisms, the fitting procedures used in the individual
approaches may have contributed to the differences in accu-
racies in respective structures (see Section II B). The classical
IAPs are developed based on potentials for elemental HCP Ti
and FCC Al, while the ML-IAPs are trained using datasets
consisting of a large class of unary and binary structures from
the beginning. In the classical IAPs, further improvements
may still be possible if they are developed with a balance of
all relevant structures.

In the ML-IAPs, quantitative accuracy is not guaranteed ei-
ther. The MLP3 is trained based on bulk structures and their
distorted variations. It exhibits considerable discrepancies in
surface energies in all the structures examined here and in the
metastable SF energies such as the various APBs in the D019
phase. The MTP has much-improved accuracy in both surface
and SF energies, which can be attributed to the inclusion of
surface structures in the MTP training datasets. The inclusion

of special defect structures is also necessary even in training
ML-IAPs for elemental metals such as Ti [98] and V [69].
On the other hand, the current MTP did not reproduce the
ground-state symmetry predicted by DFT for TiAl; (I4/mmm
vs Pm-3m) and Ti (P6/mmm vs P63/mmc), while the MLP3
correctly reproduced the DFT results. In general, the MLP3
has better accuracies in the formation energies of polymorphs
than the current MTP (Fig. 2). This is perhaps due to the in-
clusion of a larger set of polymorphic structures in the training
dataset of the MLP3 [35] (150 in MLP3 vs 33 in MTP). In ad-
dition, the ML-IAPs are less accurate in the elastic constants
of HCP Ti and FCC Al when compared to the classical IAPs
(Table I). This is due to (i) the difficiencies of DFT in repro-
ducing elastic properties, (ii) the use of experimental data in
the benchmark and (iii) that the classical IAPs are fit to exper-
imental data. Therefore, the current MTP is most accurate and
should be used in the composition range of Ti-(25-66at.%Al).
For modelling of elemental Ti and Al, potentials developed
specifically for them [66, 98] should be employed instead.
The current work also suggests that ML frameworks have the
flexibility for continuous improvements when more relevant
configurations are incorporated in the training datasets. For
modelling crystal defects such as dislocations which are gen-
erally more sensitive to model parameters, ML-IAPs should



be quantitatively benchmarked with DFT to validate their ap-
propriateness. Nonetheless, it remains a challenge for ML-
IAPs to achieve a balanced accuracy for all properties of in-
terest in alloys of various compositions and structures, and
when an extensive dataset is included in the training.

In the preliminary study on dislocations, the current MTP
reveals unique core structures in both intermetallic phases. In
the L1, structure, the ordinary screw (a) dislocation has a pla-
nar dissociation with a CSF of only 1.65a in between the two
partials, in contrast to the non-planar core in LDA-DFT [89]
and BOP [34, 91]. Since the CSF width is narrow and similar
to the SF width in the screw (a) in FCC Al [101], the pla-
nar dissociation can be sensitive to the CSF energy and elastic
constants, which in turn can be influenced by temperature and
alloy compositions. The BOP predicts a CSF of 412 mJ/m?
higher than most DFT values (Table III). The exact core struc-
ture may thus require further study, in both DFT with GGA
functionals and MD at finite temperatures. Nonetheless, the
narrowly-dissociated core suggests its easy cross-slip, either
intrinsic or extrinsic, which is consistent with broad exper-
imental observations [15-18]. The screw (101] superdislo-
cation also has a narrow CSF bounded by two partial cores
(Fig. 16e). This superdislocation may thus cross-slip onto
other {111} slip planes under thermal activation, as observed
in MD simulations using the classical IAPs and in an early
study using a BOP [91, 102].

In the DOyg structure, all superdislocations have extraor-
dinarily wide dissociations, making first-principles DFT cal-
culations of core structures impractical. Since the MTP has
accurate y-lines on all relevant slip planes, the core struc-
tures predicted here should be reliable. In particular, the basal
plane screw (a) superdislocation dissociation is unconven-
tional with its partial cores spreading on the prism plane and
an APB on the basal plane (Fig. 19a). This core is sessile
and in a locked configuration, which explains the much higher
CRSS for basal plane slip than that for prism plane slip, even
though the basal plane has a generally lower -line in the slip
direction. The screw (2c + a) superdislocation cores are also
unusual (Fig. 21). With their two superpartials on different
pyramidal planes, the glides of the (2c + a) superdislocations
are beyond established models and can only be determined in
molecular static or dynamic simulations. Furthermore, these
peculiar dissociations appear to be governed by the SF ener-
gies on competing slip planes, and thus may be changed by ap-
propriate solid solution alloying. The current study provides
the physical basis for further DFT calculations in controlling
SF energy and ultimately achieving planar core dissociations
in the DOqg structure. The stability of the mixed and edge
(2c + a) superdislocations may be the key barrier in improv-
ing the ductility of the D019 phase. With the MTP, the kinetic
barrier for the PB transformation can be determined, similar to
that in elemental Mg [103]. The effects of alloy compositions
may also influence the PB transition and help stabilize these
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superdislocations at higher solute concentrations, a scenario
possibly achievable in compositionally complex alloys.
V. CONCLUSIONS

In summary, we have developed an interatomic potential for
the Ti-Al binary system using the machine learning moment
tensor potential framework. This potential is fitted with a wide
range of datasets based on bulk and defect structures in the
Ti-Al system. The resulting potential accurately reproduces
bulk lattice and defect properties in both the L1y -TiAl and
D019 a-TizAl intermetallic structures. The overall accuracy
is much improved compared to previous machine-learning
and classical interatomic potentials. Preliminary molecular
static simulations reveal all relevant dislocation core struc-
tures largely consistent with the generalized stacking fault en-
ergies from DFT and extant observations in experiments. The
developed potential combined with DFT-based ~-lines also
shed lights on the complex (a) and (2c + a) slip systems in
the D019 ao-Tiz Al structure. While this potential may still be
fine-tuned for the screw (a) ordinary dislocation in the L1
phase, the present version enables quantitative modelling of
dislocation and fracture properties in a self-consistent manner
in both phases and perhaps at the two-phase interfaces. For
examples, the critical resolved shear stresses and mobilities
of individual dislocations can be determined using molecu-
lar static and dynamics simulations. In addition, the new po-
tential makes it possible to study non-Schmid effects such as
slip directionality, thermally activated dislocation cross-slip
and non-planar climb dissociations in both phases. The cur-
rent work also provides a comprehensive datasets for future
benchmark, development and fine-tuning of interatomic po-
tentials in binary Ti-Al and higher order Ti-Al-based inter-
metallic systems.
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